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Abstract 
This work introduces a novel composite film, which was developed to be applied as elec-trode material in electrical-contact devices. It consists of a Ni matrix reinforced with Ag-coated SnO2 nanowires, whose processing combines different techniques, namely chemical vapour deposition (SnO2), electroless (Ag) and electrodeposition (Ni). The composite was investigated regarding its microstructure, mechanical properties, tribological behaviour, thermal stability and electrical resistivity. The microstructure analysis suggested that the secondary phases act as barrier for grain-boundary migration, promoting a fine grain mor-phology in the matrix. This was responsible for an overall increase in hardness and strength with respect to Ni reference samples, in agreement with the Hall-Petch relation. Conse-quently, the evaluation of friction and wear under dry-sliding conditions proved an en-hanced wear resistance. The study of thermal stability on annealed samples revealed a lim-ited grain growth and the absence of texture development, which derived from the com-bined effects of reduced grain-boundary mobility and non-miscibility of the phases. Finally, the analysis of electrical resistivity measurements showed that the insulating effect of the nanowires and microstructural defects is balanced by the highly conductive Ag phase. 
  
III 
 
Zusammenfassung 
Diese Arbeit beschäftigt sich mit einer neuartigen Komposit-Schicht, die als Elektrodenma-terial für elektrische Kontaktgeräten entwickelt wurde. Diese besteht aus einer mit Ag-be-schichteten SnO2-Nanodrähten verstärkten Ni-Matrix. Zur Herstellung dieses Komposits wurde eine Kombination von verschiedenen Verfahren genutzt, d.h., chemische Gasphasen-abscheidung (SnO2), Stromlos (Ag) und galvanische Abscheidung (Ni). Der Verbundwerk-stoff wurde hinsichtlich Mikrostruktur, mechanischen Eigenschaften, tribologischem Ver-halten, thermischer Stabilität sowie elektrischem Widerstand charakterisiert. Die Mikro-strukturanalyse belegte, dass die sekundären Phasen als Barriere für Korngrenzenmigra-tion wirken, wobei diese eine feine Kornmorphologie in der Matrix hervorrufen. Dies führte, übereinstimmend mit der Hall-Petch Beziehung, zu einer Erhöhung der Härte und Festig-keit im Vergleich zu den Ni-Referenzproben. Infolgedessen, konnte ein erhöhter Verschleiß-widerstand unter trockenen Reibbedingungen nachgewiesen werden. Die Untersuchung der thermischen Stabilität von geglühten Proben zeigte ein verringertes Kornwachstum so-wie keine Texturentwicklung. Dies lässt sich auf die verringerte Korngrenzmobilität und die Unmischbarkeit der Phasen zurückführen. Abschließend konnte aus elektrischen Wider-standsmessungen gefolgert werden, dass der isolierende Effekt der Nanodrähte und der mikrostrukturellen Defekte von der hochleitenden Ag-Phase ausgeglichen wird. 
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1 Introduction 
1.1 Motivation and aim of the work A chain is only as strong as its weakest link. This old proverb can be used to symbolise the importance of surface engineering in materials science. Due to their singular structure and being continuously exposed to the action of external agents, surfaces are generally the most vulnerable part of materials and components. A conventional approach for preserving their integrity and functionality is the application of protective films or coatings. In this manner, it is possible not only to introduce or enhance specific features and properties, extending the capabilities and working life of the whole system, but also to reduce costs by employing less expensive materials for the core. In the particular case of electrical contact applications, the involved materials might be faced against a broad variety of detrimental phenomena, which can originate from mechan-ical, chemical, thermal and electrical interactions, just to name some. For mild load regimes, some base metals or simple alloys are able to meet the system’s demands. However, for heavy duty applications or severe environmental conditions, more complex solutions are often required. Under these circumstances, a conventional alternative is given by the use of composite materials, which display unique properties as a result of the different nature of their constituent phases. In several cases, these are applied in the form of thin films and coatings, with thickness ranging between 0.1 and 100 µm [1]. The shortcomings of these materials are their quite limited field of applicability (restricted to a set of very specific working conditions and devices) and that the sought enhancement of certain properties is achieved most frequently at the expense of a loss in performance in other areas. In view of this, it is the aim of the present work to develop a novel type of metal-matrix composite film, which would find application as electrode material in electrical-contact sys-tems. Said composite should possess tailored properties, which would allow meeting the demands of different sorts of devices over a wide range of mild to severe operating condi-tions (in terms of current, temperature and mechanical stresses, among others). Moreover, aiming to reach a broader technological segment, the processing technique should make possible its fabrication both for small-sized devices and as coatings on relatively large com-ponents. Attending to these premises, the composite in question was designed upon the fol-lowing elements: 
Introduction 
 
2 
 
• SnO2 nanowires as reinforcing phase. SnO2 particles and fibres are widely used in compo-site materials for electrical contact applications for inhibiting electrode welding [2–4]. In this work, arrays of single-crystalline, one-dimensional nanowires are synthesised via chemical vapour deposition (CVD), which would be later embedded in the matrix while still standing, adhered, on the substrate. The anchoring of the wires by the substrate would assist in preventing the formation of oxide agglomerates (and the associated po-rosity), which usually takes place upon few switching operations. Moreover, the nan-owires could eventually hinder grain-boundary mobility, which might enhance the me-chanical properties and thermal stability of the composite. 
• Ni as matrix material. Ni possesses good resistance to oxidation and corrosion as well as relatively high electrical and thermal conductivities [5]. The matrix is here applied by the electrodeposition method, which allows an accurate control of the process and provides several means for tailoring the microstructure. Moreover, Ni electrodeposits are well-known for their remarkable mechanical properties, which might in turn result in a higher wear resistance of electrodes during sliding or fretting events [6–8]. 
• Ag as binding phase. The nanowires are coated with Ag using the electroless method, with the main purpose of decreasing the effective electrical resistivity of the system and to provide a conductive surface for the electrodeposition of the matrix. In addition, Ag has virtually neither solubility nor reactivity with Ni [9], what is quite important for the ther-mal stability of the films. According to its composition, this novel composite material will be referred from here on-wards as Ni-Ag-SnO2. Whether or not it is actually possible to successfully produce this ma-terial (having such a specific configuration) is not a trivial matter. A multistep fabrication route was conceived specifically to that end, which combines the CVD, electroless and elec-trodeposition techniques. The success in this attempt will be determined not only by the structural integrity of the composite film but also by the quality and potential of its attrib-utes. To that end, different aspects will be investigated, concerning features and properties of high relevance both for technical applications in general and, more specifically, for elec-trical contact materials. The selected topics include: 
• Microstructure. It is the key to understanding the relationship between processing and material properties, making its analysis an important optimisation tool. 
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• Mechanical properties. High mechanical strength is a requisite for preventing severe wear between contacting electrodes and for avoiding their plastic deformation due to repeated bumping and bouncing during closure operations. 
• Tribological behaviour. Both moving and stationary contacts sustain damage from fric-tion and wear related phenomena, which shortens their working life. Especially relevant is the case of fretting wear, given by the small-amplitude reciprocating motion experi-enced by closed electrodes. 
• Thermal stability. Heat-triggered microstructural changes may well result in the degra-dation of material properties, such as the loss of mechanical strength. Electrical contacts might experience this both locally (by friction or arc discharges) and in a widespread manner (by Joule heating). 
• Electrical resistivity. Affects the extent of Joule heating and thus the dissipation of energy, which determines the electrical efficiency of the device. During the analysis of these topics, the main emphasis will be placed on discerning the fun-damental mechanisms responsible for the experimental observations as well as on the in-dividual contribution of the three constituent phases and their mutual interactions. 
1.2 Structure of the work Following the introductory aspects described in the present chapter, a selection of topics closely related to the work reported in this doctoral thesis is reviewed in chapter 2, estab-lishing a broad theoretical and technical background. Chapter 3 provides a thorough description of the fabrication procedure which was devel-oped for assembling the Ni-Ag-SnO2 composite films. Afterwards, the different characteri-sation techniques applied are summarised, together with related experimental parameters. Next, the results of the different investigations are detailed and discussed, comprising the microstructure characterisation and analysis of mechanical properties (chapter 4); the study of the tribological behaviour under dry-sliding conditions (chapter 5); the evaluation of thermal stability, regarding the evolution of grain size and crystallographic texture in-duced by annealing (chapter 6); and the assessment of the electrical resistivity and its de-termining factors (chapter 7). 
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At last, chapter 8 summarises the main results previously discussed and suggests a series of topics for future research, which would complement and expand on the findings of the present work. 
1.3 Related peer-reviewed publications The experimental results described in this doctoral thesis (chapters 4 through 7) have been fully or partially published in different peer-reviewed journals in the field of materials sci-ence. This is detailed next. 
Chapter 4: 
• F.L. Miguel, R. Müller, M. Weinmann, R. Hempelmann, S. Mathur, F. Mücklich, Production and characterization of nanocomposite thin films based on Ni matrix reinforced with SnO2 single-crystalline nanowires for electrical contact applications, J. Alloys Compd. 603 (2014) 14–18. 
• F.L. Miguel, R. Müller, S. Mathur, F. Mücklich, Microstructure and mechanical properties of electrodeposited Ni and Ni–matrix-nanocomposite thin films, Mater. Sci. Eng. A. 646 (2015) 254–262. 
Chapter 5: 
• F.L. Miguel, R. Müller, A. Rosenkranz, S. Mathur, F. Mücklich, Analysis and modelling of the dry-sliding friction and wear behaviour of electrodeposited Ni and Ni-matrix-nano-composite films, Wear. 346-347 (2016) 87–98. 
Chapter 6: 
• F.L. Miguel, R. Müller, S. Mathur, F. Mücklich, On the thermal stability of electrodeposited Ni-matrix-nanocomposite films reinforced with Ag-coated SnO2 nanowires, Surf. Coat-ings Technol. 287 (2016) 93–102. Additional findings which do not explicitly form part of this thesis, but yet set the founda-tions upon which this research project was established, are available in: 
• F.L. Miguel, H. Shen, F. Soldera, T. Fischer, R. Müller, S. Mathur, F. Mücklich, Electroless deposition of a Ag matrix on semiconducting one-dimensional nanostructures, Thin Solid Films. 536 (2013) 54–56.
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2 Theory and state of the art 
This chapter reviews several topics related to the research presented in this doctoral thesis, providing a thorough theoretical and technical background for assisting the reader in the interpretation of this work’s findings. First, the main techniques available for the deposition of metallic films and coatings are described. Next in order is the characterisation of a rich variety of Ni-based films and coatings, whose properties attracted interest in both the aca-demic and industrial spheres. Here, the focus is placed on those produced by means of elec-trochemical techniques (i.e., electroless and electrodeposition), since these are certainly the most technically relevant and also play a major role in the fabrication of the Ni-Ag-SnO2 film. Following, a brief review of electrical contact materials and their applications is provided. Then, closing the chapter, the components of the composite under study are analysed re-garding their features and applications, starting with the Ni-Ag system and concluding with the most remarkable aspects of SnO2, with emphasis on nanowires. 
2.1 Methods for the production of metallic films and coatings The available literature presents a remarkably large number of film fabrication techniques, which allow obtaining specimens with a thickness ranging from few nanometres up to sev-eral millimetres. The most relevant among them are here briefly reviewed, with focus on those able to deposit metal-based coatings. Special attention is given to Ni-related deposi-tion procedures, being this metal the main constituent of the Ni-Ag-SnO2 composite film un-der evaluation. 
2.1.1 Chemical vapour deposition During CVD, a chemical reaction in the vapour phase results in the formation of a solid film over a heated surface by the progressive deposition of atoms and/or molecules (atomistic process). Its main advantages are the adaptability to complex substrate geometries and fast reaction rates which allow producing both very thin films and thick coatings. However, it requires in many cases temperatures of 600 °C and above, which is enough for many sub-strate materials to become unstable [10]. A large variety of materials can be deposited by CVD, including metals (pure, alloys and intermetallics), carbon allotropes, semiconductors (e.g., Si and Ge) and ceramics (e.g., carbides, nitrides and metal-oxides). 
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One of the key aspects of CVD is the selection of the precursor gases, which are the source of the chemical species which react to produce the desired film. These fall into several gen-eral groups, namely halides, carbonyls, hydrides and metallo-organics. Depending on the type of precursors involved and the specific material to be deposited, the nature of the CVD reactions can vary (e.g., thermal decomposition, H2 reduction, oxidation, hydrolysis, nitri-dation, etc.) and their activation may be thermally induced by laser or other light sources (standard CVD) or assisted by plasma. The general sequence of events taking place during CVD reactions are summarised in Fig. 2.1. 
2.1.2 Chemical vapour deposition of Ni films The most common reaction for the CVD of Ni is the decomposition of Ni carbonyl [10,11]: Ni(CO)4 → Ni + 4CO. The optimum temperature for this reaction ranges between 180 and 200 °C, at pressures of up to 1 bar. This reaction can proceed either thermally activated or assisted by laser. Other routes are the H2 reduction of the alkyl Ni(C5H5)2 [12] or the chelate complex Ni(C5HF6O2)2 [13] at 200 and 250 °C, respectively. Such films are readily found in moulds and dies, struc-tural parts and electrical contacts. 
2.1.3 Physical vapour deposition (PVD) Like CVD, PVD is an atomistic process where the deposited species are atoms or molecules. Here, the material is vaporised from a solid or liquid source and then transported in gas form towards a substrate, where it condenses. Unlike in CVD, no chemical reaction takes place. PVD can be carried out in different environments, namely vacuum, low-pressure gas or plasma. The deposition rates are much slower than in CVD, therefore the thickness of the 
 
Fig. 2.1 Sequence of events during CVD reactions (adapted from  [10]). 
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deposits normally ranges from some nanometres up to several micrometres. PVD can be used to produce all sorts of single-element materials and compounds. PVD methods can be classified, according to the way in which the target material is vapor-ised, as: vacuum evaporation, arc vapour deposition, ion assisted deposition and sputtering [14–16]. The latter category comprises the most relevant and widespread PVD techniques to be found in the literature, which are briefly summarised next. 
2.1.3.1 Sputter deposition This family of PVD procedures is characterised by a non-thermal vaporisation process. At-oms from a target material are ejected from their positions by the momentum transfer from bombarding particles, which are usually gaseous ions accelerated from a plasma by an elec-tric field. Some of the vaporised target atoms, travelling in all directions, reach the substrate and adsorb. Some compounds (e.g., TiN and ZrN) can be deposited by interposing a reacting gas in the trajectory of the ejected ions, with whom it reacts to form the compound [17]. Sputter-deposited films are widely used for metallisation of semiconductors, as reflective and magnetic coatings in recording media and for dry lubrication, among several other ap-plications [14]. There are various sputter PVD configurations readily available, which may differ, for in-stance, in the nature of the applied potential (direct or alternate current, the latter at low up to radio frequency) or the location of the plasma generation (in the chamber or exter-nally). Among them, magnetron sputtering is the most spread PVD technique [18,19]. Here, the secondary electrons emitted by the target are forced to stay close to it and follow a spiral trajectory over its surface, under the influence of a magnetic field. This enhances the ionisa-tion and collision processes, thus increasing the sputtering yield. A typical magnetron con-figuration is displayed in Fig. 2.2. 
2.1.3.2 Other PVD methods As before mentioned, the vaporisation of the source material can proceed by other methods aside from sputtering. In the vacuum deposition PVD, the source’s atoms are thermally va-porised and follow afterwards a quasi-linear trajectory towards the substrate, mostly with-out collisions along it. Another alternative is the use of electric arcs to vaporise the source material, produced with high currents coupled with low voltages. Since the resulting vapour 
Theory and state of the art 
 
8 
 
is highly ionised, a bias is usually set on the substrate in order to accelerate the film’s ions towards it. Complementing the PVD techniques described so far, the method known as ion-assisted deposition is characterised by the bombardment of the deposited film by atom-sized ener-getic particles, in order to alter its formation process and thus control its properties [21]. This can be implemented in most of the PVD procedures already discussed. 
2.1.4 Electrochemical deposition methods These involve a series of techniques by which metallic films or coatings are deposited onto a substrate by means of an electrochemical reaction which, in most cases, takes place in an aqueous solution (atomistic process). Here, dissolved metal cations are reduced on a sur-face, forming a coherent metallic layer. This family of methods is by far the most used in industrial applications given its versatility, fast deposition rates, high scalability and rela-tively simple setup and operation. It can be divided into two main classes, namely electro-less and electrodeposition, which differ primarily in the source providing the electrons which are responsible for the reduction of the metallic cations.    
 
Fig. 2.2 Portrayal of a typical magnetron sputtering setup and the basic sequence of events 
during film deposition [20]. Electrons travelling close to the target (forced by a magnetic 
field) enhance ionisation and collision processes, increasing the sputtering yield. 
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2.1.4.1 Electroless deposition The electroless deposition of metals can be defined as the controlled autocatalytic reduction of a dissolved metal ion by a dissolved reducing agent (internal electron source) at a sub-strate surface to give a uniform coherent film. In addition to the source of metal ions and the reducing agent, the electroless bath includes also complexing agents (preventing the excess of free cations), reaction accelerators, bath stabilisers and pH regulators and buffers. The electrochemical nature of the deposition process can be represented, in most cases, by the following coupled reaction: Red𝑦𝑦+ → Red(𝑦𝑦+𝑧𝑧)+ + 𝑧𝑧e−Mez+ + ze− → MeRed𝑦𝑦+ + Me𝑧𝑧+ → Red(𝑦𝑦+𝑧𝑧)+ + Me, where the reductant (Red) of positive charge y becomes oxidised, while the z-valent metal (Me) ion is reduced [22]. This method allows uniformly coating both conducting and insu-lating substrates, independently of their shape. In context of industrial applications, electroless deposition is practically synonym of elec-troless Ni. This is indisputably the type of coating mostly produced by this method, mainly due to its uniform thickness, good mechanical properties and high wear and corrosion re-sistance. Three types of films can be here distinguished: pure Ni, Ni alloys (mainly Ni-P and Ni-B ) and Ni-matrix composites (mostly Ni alloys reinforced with ceramic particles, such as Al2O3, ZrO2 and SiC) [23,24]. The alloys and composites are produced by the co-deposition of the alloying element or reinforcement during the reduction of Ni ions. Ni can be deposited from both alkaline and acidic baths, normally using Ni acetate (C4H6NiO4) as metal source for pure-Ni films, while Ni sulfate (NiSO4) and Ni chloride (NiCl2) in the case of alloys and composites. As for the reducing agent, hydrazine (N2H4) is majorly employed for producing pure Ni (99%); Na hypophosphite (NaPO2H2) for Ni-P alloys; and Na borohydride (NaBH4) and dimethylamine borane (C2H10BN) for Ni-B alloys [24]. 
2.1.4.2 Electrodeposition This method involves conducting an electric current through two electrodes which are sub-merged in an electrolyte solution containing ions of the metal to be deposited. The nega-tively charged electrode (cathode) is given by the substrate/structure to be coated, whose surface must be therefore electrically conductive (as opposed to the electroless technique). 
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The positively charged electrode (anode) can be made either from an inert conductive ma-terial (e.g., Pt, Ti and C) or from the same metal as the deposit. In the latter case, it gradually dissolves and thus replenishes the ions in the electrolyte as they are consumed during the deposition, keeping its concentration constant. A direct-current power supply (external electron source) is connected to the electrodes, closing the electrical circuit. Then, metal ions who reach the cathode’s surface are reduced, building up the film. The basic configura-tion is displayed in Fig. 2.3. Three mechanisms are involved in the mass transport in the electrolyte: convection, either natural (due to concentration gradients) or forced (e.g., agi-tation and air blowing); diffusion, which takes place in the cathode-electrolyte interface, where convection is not possible due to hydrodynamic friction; and migration under the influence of the electric field. The latter is not relevant in the practice, being this process governed by convection and diffusion [25]. 
 
Fig. 2.3 Basic representation of an electrodeposition cell, indicating its essential compo-
nents. 
Electrodeposition has a major presence in industrial applications given its low cost, fast deposition rates, great adaptability to complex shapes and the high purity of the resulting deposits, just to name some of its benefits. Its use for electroforming is especially relevant, which consists in the manufacture of metal parts by using a mandrel or mould as substrate which is subsequently separated from the deposit [26]. Not only pure metals can be pro-duced by electrodeposition, but also alloys, metal matrix composites and multi-layered sys-tems. As in the electroless method, this is achieved by the co-deposition of the secondary constituent, which is dissolved or dispersed in the electrolyte [22].  Another key application of electrodeposition is the fabrication of ultrafine-grained and nanocrystalline films and coatings, due to their superb mechanical properties [27,28]. Three 
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combinable approaches are normally employed to achieve this, which operate by regulating the two competing processes which govern the film development, namely crystallite nucle-ation and growth. The first and most relevant approach is the use of pulsed current, which allows considerably increasing the voltage and current density applied [29]. This results in a high nucleation rate and smaller crystallite size. Moreover, by reducing the duration of the pulses, surface diffusion is limited, preventing the coarsening of the microstructure [30]. The second alternative is the addition of organic additives in the bath (e.g., saccharin and citric acid), which block active sites of the electrode surface by adsorbing onto them. This inhibits crystallite growth and interferes with surface diffusion, thus favouring nucleation [31]. Lastly, alloying elements or secondary phases in metal matrix composites can be used to exert pinning or drag forces on migrating grain boundaries of the deposits, while also acting as nucleation sites, resulting in finer microstructures [32]. Two types of electrolytes are mostly used for depositing Ni, namely the Watts and sulfamate baths. The majority of Ni electrodeposition solutions (particularly those for decorative pur-poses) are based on the former, while the latter is mainly employed for depositing func-tional coatings and electroforming, where its superior performance (low stress and en-hanced properties of the deposits; higher deposition rate) is required and thus its higher costs are justified [33]. The typical basic compositions of these electrolytes are listed in Ta-ble 2.1. Moreover, several types of additives can be incorporated to the bath in order to modify the resulting characteristics of the deposits. Examples of these are brighteners, lev-elling agents, surfactants, grain refiners, stress relievers and texture inducers. Besides pure Ni, a wide variety of its alloys can be obtained by means of electrodeposition. Ni binary and ternary systems containing the alloying elements Co, Fe, Sn, Mo, W, P, Mn, Cr, In and Cu can be found among those who had been produced on a significant commercial scale [34]. 
2.1.5 Cladding deposition The general term cladding describes a series of coating methods by which a pure metal, alloy or composite (the cladding material) is bonded electrically, mechanically or through some other high pressure and temperature process onto another dissimilar metal (the sub-strate), in order to enhance its durability, strength or appearance. Among these, the laser cladding technique is of special interest due to its outstanding performance with respect to other thick-coating processes. Its highly accurate energy and material delivery allows avoid-ing the degradation of the substrate and the dilution of the coating in it, which are vital for 
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achieving superb adherence and to meet the strict composition requirements of complex and expensive hardfacing materials, respectively [35,36]. 
Table 2.1 Basic compositions of the most relevant types of electrolytes used for the electro-
deposition of Ni, namely the Watts and Ni-sulfamate solutions [33].     Watts bath   Ni-sulfamate bath Ni sulfate - NiSO4.6H2O  240 - 300 g/l  − Ni sulfamate - Ni(SO3NH2)2.4H2O  −  300 - 450 g/l Ni chloride - NiCl2.6H2O  30 - 90 g/l  ≤ 30 g/l Boric acid - H3BO3  30 - 45 g/l  30 g/l Distilled H2O  Balance  Balance Temperature  40 - 60 °C  40 - 60 °C pH  3.5 - 4.5  3.5 - 4.5 Current density  2 - 7 A/dm2  2 - 15 A/dm2 Deposition rate   25 - 85 µm/h   25 - 180 µm/h 
  In the laser cladding method, a laser beam scans the surface to be coated while melting lo-cally the cladding material (usually in form of powder, foil or wire) and a thin layer from the substrate’s surface. A fast cooling takes place after the passing of the beam due to the heat transfer to the bulk, initiating the solidification of the coating at the bottom of the melted region, progressing rapidly towards the surface (Fig. 2.4). This results in thick coatings (50 µm to 2 mm) free of porosity and cracks. The high solidification rates lead to the formation of fine microstructures, sometimes containing non-equilibrium phases and supersaturated solid solutions, which may result in interesting and potentially useful properties [35].  Ni-based alloys and composites are among the most commonly applied materials by laser cladding [37]. Hardfacing Ni alloys are of special commercial interest, owing to their low cost and superb resistance against abrasion, corrosion and high temperature [38]. These usually incorporate several alloying elements (e.g., C, Cr, Si, B, Co, Fe and W), allowing for a wide range of compositions. In addition to laser-based techniques, cladding methods include the use of flame, plasma and electric arcs as energy source for the melting of the coating material. Roll bonding (with or without heating) falls also in this category, making use of high pressures for adhering the coating to the substrate. 
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Fig. 2.4 Schematic of metallic-coating deposition by laser cladding. 
2.1.6 Thermal spraying Thermal spraying comprises a family of processes in which the coating precursor (feed-stock) is heated and accelerated towards a substrate in order to produce coatings with thickness of up to several millimetres. The feedstock material is typically found in the form of powder or wire, but also solutions and dispersion are used for producing sub-micrometre and nanostructured coatings [39,40]. Its heating is most commonly done with a combustion flame, plasma or electric arc. The resulting molten droplets and remaining solid particles are then propelled in a gas stream towards the targeted surface [41]. Coatings produced by thermal spraying include pure metals, alloys, ceramics, composites and plastics, presenting usually a lamellar microstructure which results from the nature of their sintering and solid-ification process [42]. Ni-based coatings are readily produced by high velocity oxy-fuel thermal spraying, which is a versatile route for applying adherent, homogeneous coatings with low porosity and oxide content, mostly for protecting critical components used in high temperature, corrosive and erosive environments [43]. Common examples of such coatings are those made from nano-crystalline Ni [44], commercial Ni alloys [45] and intermetallic compounds, such as NiAl [43]. 
2.2 Ni and its application in coating materials Ni is the fifth most common element on the planet, being extensively present in the Earth’s crust. It belongs to the transition metals and is characterised by a relatively high melting 
Theory and state of the art 
 
14 
 
point, ductile behaviour, good resistance against corrosion and oxidation and remarkable propensity towards alloying (a diverse selection of its properties is listed in Table 2.2). These aspects make Ni certainly appealing for a large variety of industries and applications which include, but are not limited, to transportation (aerospace and automotive), the food industry, medical devices, electronics, metal processing equipment and structural materi-als. 
Table 2.2 Characteristic physical and mechanical properties of Ni [5]. Atomic number 28 Crystal structure face-centred cubic Density 8.902 g/cm3 (at 25 °C) Melting point 1453 °C Thermal expansion 13.3 µm/m ∙ K (at 0 to 100 °C) Thermal conductivity 82.9 W/m ∙ K (at 100 °C) Electrical resistivity 68.44 nW ∙ m (at 20 °C) Magnetic ordering ferromagnetic Curie temperature 358 °C Young's modulus 207 GPa Shear modulus 76 GPa 
  The current use of Ni is primarily directed to the manufacture of stainless steels, consuming about 65% of its annual production [5]. Secondly, Ni is applied as base element for countless heat, corrosion and wear resistant materials. Here, a special mention should be made for Fe-Ni and Ni-base superalloys (e.g., Ni-Ti/Al), which display an exceptional combination of high-temperature strength, toughness and resistance to corrosive or oxidising environ-ments [46]. Other applications of Ni materials which involve some unique physical proper-ties include low expansion alloys (e.g., Fe-36% Ni, also known as Invar), which exhibit anomalously low (almost zero) and/or uniform thermal expansion over a wide temperature range [47]; resistance alloys (e.g., Ni-Cr-Al/Fe/Si), displaying uniform and stable electrical resistivity [48]; soft magnetic alloys (such as several Ni-Fe systems), with high initial per-meability coupled to low saturation induction [49]; and shape memory alloys (mainly Ti-Ni intermetallics), which  possess the ability to return to certain previously defined shape or size upon proper heating (high strength, ductility and pseudoelasticity are common traits of these materials) [50,51]. 
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 A special mention deserves the use of Ni-based materials for coating applications, which is of great technological and commercial importance. Not only stands Ni as the most electro-plated metal, but also about 10% of its annual production is achieved in this way [5]. Several examples from a variety of engineering applications of Ni coatings are displayed in Fig. 2.5. The characteristics and significant features of several commercially relevant Ni-based coat-ing materials are summarised in the following sections, with the focus set on those produced by means of electrochemical methods. These techniques attract the foremost scientific and commercial interest and are closely related to the work presented in this doctoral thesis. 
2.2.1 Pure-Ni coatings for decorative and engineering applications Single-phase, non-alloyed Ni coatings are most widely produced by electrodeposition for their use in decorative applications. Bright-Ni deposits are normally obtained by using var-iations of the Watts bath presented in Table 2.1, including several additives (mostly organic ones) such as brightening and levelling agents. This allows obtaining either highly lustrous 
 
Fig. 2.5 Exemplary engineering applications where Ni-based coatings are readily used, 
namely: bearings, gears, pistons, carburettors, control valves, moulds, water pumps, gas-
turbine compressors, landing gears, printed circuit boards and heatsinks. 
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or satin coatings, with good ductility and levelling properties. In order to avoid the tarnish-ing of Ni over time from the exposure to ambient conditions, a layer of Cr is usually depos-ited on top of it, which passivates the surface by forming a thin oxide film.  In those cases where besides an attractive appearance, a long-time corrosion resistance is required, the use of multi-layered Ni is common practice. Because of the addition of organic species in the bath, the bright-Ni deposits possess certain amounts of sulfur, which deterio-rate its corrosion resistance. For dealing with this problem, a relatively thick coating of semi-bright Ni is applied between the substrate and the bright layer, using sulfur-free or-ganic additives [33]. The semi-bright Ni is electrochemically noble with respect to the bright layer (i.e., it has a less negative corrosion potential). Consequently, when the attack reaches the interface, the bright Ni is preferentially corroded laterally, which delays the penetration of the semi-bright layer. As already mentioned, it is also frequent to apply a passivating Cr film on top of the Ni layers. A simple Cr finish would normally exhibit some porosity and cracks. In contact with relatively small regions of Ni, these defects would act as large-area corrosion cells, leading to rapid pit penetration. This issue is solved by introducing a high and controlled degree of micro-porosity or micro-cracking by controlling the plating param-eters. This results in an increased exposure area of Ni, thus reducing the corrosion current density and, with it, the size of individual pits (see Fig. 2.6). 
Ni coatings for engineering applications are mostly deposited from Watts baths due to their low cost. Ni-sulfamate solutions are also very popular, since they induce rather low internal stresses. A variety of other electrolytes are also available, but their use is limited to specific engineering applications [5]. Since normally in those cases a fully-bright appearance is not needed, matte, sulfur-free deposits are applied. These Ni coatings are mostly used for cor-rosion and wear protection. Regarding the latter, there is a large body of recent and ongoing 
 
Fig. 2.6 Corrosion pitting on (a) single-layer Ni plus Cr; (b) dual-layer Ni plus Cr; and 
(c) dual-layer Ni plus micro-discontinuous Cr (adapted from [33]). 
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research concerning the analysis of electrodeposited (mainly by pulsed plating) nanocrys-talline Ni films, whose superb mechanical properties are directly responsible for their en-hanced tribological performance [7,8,52,53]. 
2.2.2 Ni-alloy films and coatings produced by electrodeposition As stated earlier in this chapter, Ni can be co-deposited with a wide variety of other metals by means of the electrodeposition technique. While most of these alloys aroused interest only at the academic level, there are also several which succeeded in providing solutions for large-scale as well as niche technical applications. Some of the latter are presented next. Electrodeposited Ni-Fe alloy coatings have been produced already for decades in a wide range of compositions, mostly for decorative applications. Their development was moti-vated firstly by the Ni shortage of 1970 and later by its increasing price, in an attempt to conserve Ni and reduce anode material costs by partially substituting Ni with Fe. They pre-sent full brightness, high levelling and ductility and are very receptive to a Cr overlay [34]. However, with increasing Fe content (> 15 wt%), their use is limited to indoor applications, since the corrosion resistance is considerably reduced [5]. Though Ni and Fe display com-plete solubility, structural ordering is found at about 25 or 75 at% Fe (Ni3Fe and NiFe3, re-spectively). Moreover, Ni-rich alloys present face-centred cubic (FCC) crystal structure, while body-centred cubic (BCC) configuration is observed for Fe-rich ones [54]. Ni-Fe alloys have also gained interest in engineering applications as soft-magnetic coatings, being used in recording devices, magnetic microactuators and inductors, for instance [55]. Among them, Permalloy (19 wt% Fe) is probably the most known commercial alternative [56]. Ni-Co coatings awoke interest for engineering applications, since Co increases the hardness and strength of Ni electrodeposits. The mechanical properties of Ni-Co improve gradually with increasing Co content of up to 50 wt%, point at which they start to decline with further addition of the alloying element [57,58]. An enhanced wear resistance and reduced friction coefficient are also features of these coatings, which have been attributed to the hexagonal close-packed (HCP) lattice structure which progressively develops with the addition of Co. With up to 50 wt% Co, the coatings remain FCC. Then, and up to 80 wt%, a mixed FCC/HCP structure is observed, changing to pure HCP from there onwards [58]. Moreover, Ni-Co is actively co-deposited with a variety of reinforcing particles (such as SiC, MoS2 or C nano-tubes), forming nanocomposite coatings with furtherly improved tribological properties 
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[59–61]. Because of its hard-magnetic nature, electrodeposited Ni-Co has been readily stud-ied for its application in electromagnetic devices, with the focus on microsystem technolo-gies for the fabrication of sensors, actuators, micro-relays and inductors [57,58]. In addition, films of these alloys constitute active materials for the H2 and O2-evolution reactions in the water electrolysis [62]. Ni-Mn electrodeposits containing low amounts of Mn (< 0.5 wt%) allow the use of sulfur-containing additives in the bath (such as grain refiners or stress reducers), avoiding the as-sociated embrittlement observed in the case of pure Ni (upon heating above 200 °C) [5]. Moreover, as-deposited Ni-Mn coatings exhibit higher strength, hardness and thermal sta-bility. They are able to retain texture, fine-grained morphology and strength up to about 600 °C, while for pure Ni, the limit lays below 300 °C [63]. Moreover, research performed on their magnetic properties demonstrated that Ni-Mn electrodeposits exhibit enhanced coercivity and remanence [64,65]. Such characteristics allow this type of alloys to meet the requirements of several applications involving components of micromechanical systems [66]. Ni-Mo alloy coatings exhibit a high hardness; remarkable corrosion resistance in highly cor-rosive media; and nanocrystalline structure, which becomes finer with increasing Mo con-tent. The hardness increases in parallel with the alloying-element content, reaching its max-imum for compositions with about 17 to 19 wt% Mo [67,68]. Further alloying produces such a fine microstructure, that softening due to breakdown of the Hall-Petch effect takes place. A similar behaviour is observed for the corrosion resistance. On one hand, it increases with Mo content. However, the larger fraction of intercrystalline regions (which result from grain refinement) yields the opposite effect. Then, the optimal corrosion resistance was observed for alloys with 15 to 30 wt% Mo [67]. Another interesting feature of Ni-Mo alloys are their good electrocatalytic properties for the H2-evolution reaction [69,70]. 
2.2.3 Electroless Ni-alloy coatings The industrial relevance of electroless Ni coatings is almost entirely given by Ni-P and Ni-B alloys, with the former having about a 90% share of the commercial application [24]. These are briefly reviewed next. 
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2.2.3.1 Ni-P alloys Ni-P coatings are produced by means of the electroless technique, mostly from acidic baths containing hypophosphite ions (reducing agent) [23]. The microstructure of the deposits consists of a mixture of nanocrystalline and amorphous phases at low P contents (< 5 wt%), becoming completely amorphous for higher amounts of the alloying element [71]. High-P (> 10 wt%) coatings are normally employed for engineering applications due to their supe-rior mechanical strength with limited, but decent, ductility. They present hardness ranging from 500 to 700 HV0.1 in their as-deposited state, which can be increased up to about 1100 HV0.1 (comparable to hard Cr) after annealing for 1 h at 400 °C [72,73]. This results in a superb resistance to wear, for which such coatings are readily applied [74].  Due to their amorphous nature and passivity, Ni-P coatings provide also outstanding corro-sion resistance, even superior to that of pure Ni and Cr, depending on the environment. This has been attributed to the absence of crystalline defects and their chemically-homogeneous single-phase nature. Other interesting features of this material include inherent lubricity, high solderability and excellent thickness uniformity of the deposits. 
2.2.3.2 Ni-B alloys Ni-B alloys are of special interest in highly-severe tribological applications and share similar characteristics with the Ni-P system. Their electroless deposition is most frequently carried out using borohydride as reducing agent, resulting in B contents of 3 to 6 wt% for the ma-jority of commercial coatings. The fraction of amorphous phase grows with the amount of B, but a mixed structure containing crystalline Ni always remains (unlike in Ni-P) [75]. The major advantage of Ni-B against Ni-P is its higher hardness, which assumes values between 650 and 750 HV100 in the as-deposited state, reaching up to about 1200 HV100 after short annealing [76]. Two hardness peaks are found which correspond with annealing at about 350 and 450 °C, as a result of the precipitation hardening given by the transformation of the amorphous phase to crystalline Ni and Ni borides (Ni2B and Ni3B) [77]. On the other hand, its tensile strength and ductility are only about one fifth of those of Ni-P. Moreover, in cer-tain media such as acids and ammonia solutions, Ni-B presents much worse corrosion re-sistance [5,24].   
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2.2.3.3 Polyalloy and composite coatings based on Ni-P and Ni-B These ternary and quaternary systems find application where very specific properties are required, performing higher than conventional Ni-P and Ni-B coatings. Their distinctive at-tributes may include enhanced chemical and high-temperature resistance, superior me-chanical and tribological properties and specific electrical and magnetic characteristics. Ni-Cu-P coatings stand out because of their improved thermal and non-magnetic stability, superior corrosion resistance (especially in marine atmosphere) and solderability [78–80]. The amount of Cu in the alloy is highly variable (even above 60 wt%), which is controlled by the concentration of the copper salt (CuSO4) in the electroless bath and its pH. The critical P content for the transition between amorphous and crystalline structures was found to be 7 wt% [81]. Ni-Co-P films gained interest because of their magnetic properties, finding application as thin magnetic-recording media and for electromagnetic shielding. Said properties are strongly dependent on the microstructure (which is in turn directly related to the amount of Co) and thickness of the deposits [82]. Amorphous Ni-Co-P presents soft-magnetic be-haviour, which is the case for Co contents of up to about 8 wt% [83]. From that point on-wards, a mix-crystalline structure develops, which is accompanied by an increase in satura-tion magnetisation, remanence and coercivity (magnetic hardening) [84]. On the other hand, the corrosion resistance is reduced. Electroless Ni-Fe-P is another related alloy coat-ing which gained relevance due to its soft-magnetic properties [85]. Ni-W-P coatings are normally produced with W contents ranging between 3 and 15 wt%. They exhibit higher thermal stability than the binary alloy Ni-P and also increased hardness, both in the as-deposited and annealed states, which results in a superior wear resistance [74]. It was demonstrated that, unlike Ni-P, Ni-W-P does not completely recrystallize even after several thermal cycles, avoiding the degradation of its mechanical properties [86]. An-other interesting characteristic of this material relates to its corrosion behaviour: unlike with most Ni-based metallic glasses, crystalline Ni-W-P exhibits higher resistance than its amorphous counterpart. This was attributed to the formation of a dense W-oxide film on the surface during annealing [87]. Electroless Ni-Tl-B alloy coatings have been found to perform especially well in applications exposed to fretting wear [88,89]. The same can be said for Ni-Sn-B [5], which has also been investigated for its appealing corrosion resistance and solderability [90,91]. 
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Being different in nature from the systems described so far, electroless composite coatings deserve a special mention. Consisting of fine particles dispersed in a Ni-P matrix (most fre-quently below 30 wt%), they are aimed to provide enhanced mechanical properties and tribological behaviour. The hardness and wear resistance can be increased by the incorpo-ration of hard particles (mostly SiC, but also TiO2 or diamond, for instance) [92,93]. Soft particles (e.g., polytetrafluoroethylene, MoS2 or graphite) are used in unlubricated condi-tions to reduce the friction coefficient of the matrix, at the expense of losing hardness, due to their ability to prevent adhesion between the mating surfaces [94,95]. Both types of re-inforcements can be combined in order to obtain a well-balanced mix of their attributes [94]. Normally, the corrosion resistance of the composites is worse than that of Ni-P, but exceptions to that rule can be found for some specific combinations of materials and cor-roding media [93]. Several factors may affect the incorporation of the particles into the coat-ing during their co-deposition with the matrix, which may lead to agglomeration and poor resulting properties. Among them, especially important are the particle size, shape and con-centration; orientation of the target substrate; agitation of the electroless bath; and the use of additives [96]. It was observed that in the case of some commonly-used reinforcing ma-terials, such as TiO2, the microstructure of the Ni-P matrix presented no difference with re-spect to that of the pure alloy [97]. Moreover, the crystallization energy and temperature did not vary significantly. 
2.3 Electrical contact materials and applications Electrical contacts initiate, sustain and interrupt the flow of current in an electrical circuit. They do so by controlling the physical contact between electrodes which connect current-carrying members of electrical and electronic devices. At the interface, the nature of this contact is determined by interfacial transport processes, rates of heat generation and dissi-pation, mechanical stresses, material phase transformations and migration effects due to transient phenomena.  Electrical contacts can be either stationary or moving. As implied by their name, stationary contacts form a permanent joint, rigid or elastic, commonly secured by welding, soldering or clamping. These are usually found in many types of power connections [1,98]. In the case of moving contacts, the contacting partners can either separate completely or partially slide over each other. Separable contacts are mostly used at circuit breakers, plug connectors, switches, contactors and relays [99–101], while sliding contacts are very important compo-nents in many automatic, telemechanical and communication devices [102–104]. 
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During operation, electrical contacts might be exposed to a broad variety of degrading phe-nomena, which can originate from mechanical, chemical, thermal and electrical interactions. Therefore, the selection of appropriate electrode materials plays a key role for ensuring the good performance and durability of the device. Accordingly, depending on the operating conditions, electrical contact materials are required to display several technical features, such as high conductivity (both electrical and thermal), low and stable contact resistance, good tribomechanical properties, thermal stability and high resistance against corrosion, welding and electrical-arc erosion. 
2.3.1 Overview of electrical contact materials Cu and Al are the most widely used metals in electrical contact applications, due to their outstanding electrical and thermal conductivities as well as for their high availability and relative low cost. They are mostly used for heavy-current contact applications, usually in the form of alloys with enhanced mechanical and tribological properties. Bronzes (Cu-Sn), brasses (Cu-Zn) and Al-Mg alloys are some of the most common examples of this [105,106]. Noble metals are mostly applied in low-current electrical-contact devices, mainly alloyed but also as pure-metal coatings. For such applications which sustain low contact pressures, a both low and stable contact resistivity is required. Due to its superior tarnishing and oxi-dation resistance, Au is readily used in computers and telecommunication devices. It is gen-erally alloyed with Cu, Ag, Pd, Pt and Ni, for instance, forming binary and ternary systems with enhanced mechanical properties [107]. Pt also presents excellent tarnishing, corrosion and oxidation resistance, however, it must be alloyed with Ir, Ru or Rh for its use due to its low hardness [1]. Even though Pd is not as resistant as Pt against corrosion and oxidation, it is regarded as a candidate contact-material replacement for Au in circuit boards and other applications due to its relative low cost [108]. With the highest electrical conductivity of all metals, Ag is the most used material in a broad variety of electrical-contact devices operating at low to medium-high currents (up to about 1000 A) [109]. While Cu is the best alloying element for improving its strength and wear behaviour, Pt, Pd and Au provide resistance against tarnishing together with a considerable increase in hardness [1,110]. Moreover, Ag-matrix composites reinforced with graphite, Ni or metal oxides (e.g., CdO, ZnO or SnO2) are the materials of choice for applications where the electrical-arc erosion and welding resistance are critical, such as switches, relays, con-tactors and even circuit breakers [111–113]. 
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Finally, Ni is largely used in the electrical contacts industry, mostly as coating for Cu and Al power connectors. It extends their working life by reducing and stabilising their contact re-sistance [114,115]. Moreover, it is well-known that Ni coatings show a good behaviour in certain corrosive atmospheres, mainly because of their propensity to form a thin passivat-ing film [6]. Another use of Ni is as diffusion barrier between Cu and Au in many electronic applications [116,117]. 
2.4 The Ni-Ag system Ag is a soft transition metal, possessing the highest electrical and thermal conductivities of all the elements in the periodic table. Some of its characteristic properties are listed in Table 2.3. Due to the large difference in their atomic radius (about 15%) and highly positive en-thalpy of mixing (> 15 kJ/mol [118]), Ag presents virtually no mutual solid solubility with Ni [9]. This can be clearly appreciated in the phase diagram of Fig. 2.7. The maximum solu-bility of Ni in Ag is about 0.2 at% at 960 °C and that of Ag in Ni about 1 at%, close to the monotectic temperature of 1435 °C. However, by processing Ag and Ni in the nanoscale, it is possible to increase their miscibility and produce Ni-Ag solid solutions otherwise unob-tainable. This is feasible due to the increased energetic contribution of surfaces, which sig-nificantly modify the attributes related to the thermodynamic stability of the phases [119]. Such approach includes the mechanical alloying and hot pressing of nanopowders, resulting in bulk nanocrystalline structures [118,120], and the synthesis of Ag-Ni nanoparticles by electrodeposition [119,121] or PVD [122], for instance. 
Table 2.3 Characteristic physical and mechanical properties of Ag [48,123]. Atomic number 47 Crystal structure face-centred cubic Density 10.49 g/cm3 (at 20 °C) Melting point 961.9 °C Thermal expansion 19.0 µm/m ∙ K (at 20 °C) Thermal conductivity 428 W/m ∙ K (at 20 °C) Electrical resistivity 14.7 nW ∙ m (at 0 °C) Young's modulus 82.7 GPa Shear modulus 30.3 GPa 
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Rather than in form of alloys, Ni-Ag systems find application or are subject of research mostly in form of composite structures of varied morphologies, thus conserving the individ-ual Ni and Ag phases. For instance, Ni-Ag core-shell nanostructures (nanoparticles and nan-owires) have been investigated for their potential application in the optical, magnetic, cata-lytic, biochemical and biomedical fields [124–126]. Also, Ni/Ag bilayers attract interest as ohmic contacts for p-type, GaN-based materials due to their low contact resistance. This is especially relevant for light-emitting and laser diodes as well as for ultraviolet photodetec-tors [127–129]. Finally, probably the most important use of Ni-Ag corresponds to electrical contact materials consisting of dispersed Ni within a Ag matrix. Their composition can reach up to 40 wt% Ni, ranging normally between 10 and 20 wt% [109]. Such composites are largely applied for motor-starting contacts and also in relays and switches, being suitable both for sliding and make-brake operation [5]. They are best suited to perform in low volt-age, either with direct or alternate current of up to 100 A [1,109]. 
 
Fig. 2.7 Phase diagram of the Ni-Ag system showing virtually no mutual solid solubility (re-
produced from [9]). 
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2.5 The science of SnO2 Pure SnO2 is an n-type, wide-band-gap semiconductor. Due to its interesting physical prop-erties, it has been adopted for its use in several applications, mainly as transparent conduct-ing oxide, oxidation catalyst and solid-state gas-sensing material. Some of its basic attrib-utes are listed in Table 2.4. A low electrical resistivity coupled with high transparency to visible light makes SnO2 suit-able as electrode material for solar cells, light-emitting diodes, flat-panel displays and field-effect transistors, among other applications. Being stoichiometric SnO2 an insulator, the electrical conductivity is attributed to the existence of native defects, namely oxygen vacan-cies and Sn interstitials [130]. Since their energy of formation is very low, said defects de-velop readily, promoting the formation of shallow electron-donor centres. Moreover, SnO2 was found to display much higher, metallic-like conductivity when doped with Sb [131,132]. 
Table 2.4 Characteristic physical properties of SnO2 [133]. Crystal structure tetragonal, rutile Density 6.99 g/cm3 Band gap 3.6 eV Melting point > 1900 °C Thermal expansion 3.7 - 4.0 µm/m ∙ K (at 20 °C) Common extrinsic n-type dopants Sb, F, Cl 
  Regarding its catalytic behaviour, SnO2 exhibits good activity towards the reactions of CO with O2 and NO [133]. Due to the two possible oxidation states of Sn (+2 and +4), SnO2 gives up readily lattice-oxygen atoms for the oxidation of adsorbed molecules, which are subse-quently restored by the O2 present in the air. Lastly, the gas sensing properties exhibited by SnO2 are given by the change in its electrical resistivity when exposed to different partial pressures of certain gases. These adsorb on the oxide surface, bending its band gap due to their electric charge and reducing the amount of available charge carriers by capturing electrons [134,135]. Additives forming dispersed clusters over the surface of SnO2 can be used to increase the sensitivity towards particular gases. 
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Most of the attractive properties of SnO2 discussed so far are largely governed by surface-related phenomena. This has motivated the research and development of one-dimensional nanostructures (e.g., nanowires, rods and belts), which have shown superior performance in many applications as a consequence of their large surface-to-volume ratio [136,137]. Among them, SnO2 nanowires present likely the largest body of literature and are directly related to the present doctoral thesis as a fundamental component of the composite film under study. Some of their possible configurations are displayed in Fig. 2.8. As a final remark, the use of SnO2 in electrical contact materials deserves a special mention. Ag-matrix composites with 8 to 20 wt% SnO2 (in the form of particles or fibres) are widely used for their superb resistance against welding [2–4]. They were originally developed for replacing the hazardous Ag-CdO and are commonly found in switches, relays, circuit break-ers and contactors, for both domestic and industrial use. 
 
Fig. 2.8 Top view of SnO2-nanowire arrays of different morphology: (a) ordered array of 
short nanowires which sustained epitaxial growth; (b) disordered network of long nan-
owires; and (c) hierarchical nanowire structures obtained by secondary growth onto pri-
mary nanowires. 
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3 Materials and methods 
3.1 Fabrication procedure of Ni-Ag-SnO2 composite films The composite films which were subject of study in this work consisted of Ag-coated SnO2 nanowires within a Ni matrix (Ni-Ag-SnO2). Their fabrication method involved a sequence of processes which are described next.  
3.1.1 Synthesis of SnO2 nanowires Single-crystalline SnO2 nanowires were produced by CVD in a low-pressure, cold-wall reac-tor, following the vapour-liquid-solid (VLS) growth mechanism [138]. In this process, a mo-lecular precursor is decomposed on a heated surface, where metallic catalyst particles act as nucleation sites dictating one-dimensional crystal growth; this is schematised in Fig. 3.1a. AISI316L stainless-steel sheets (of about 1 cm2) were used as substrates, being previously decorated with sputtered Au nanoparticles (catalysts for one-dimensional VLS growth). The temperature of the source containing the Sn(OtBu)4 precursor was maintained at 27°C. This was then introduced into the reactor by applying a dynamic vacuum (5 × 10-3 mbar) and the deposition took place for 15 min at 750 °C. This resulted in disordered arrays of high-aspect-ratio nanowires (as displayed in Fig. 3.1b), possessing about 100 nm diameter and several µm length. 
3.1.2 Electroless Ag deposition onto SnO2 nanowires Ag was deposited onto the SnO2 nanowires by means of the electroless method. Previously, the samples were sensitised and activated in a two-step process using Sn and Ag, respec-tively [139]. This procedure was meant to increase the hydrophilicity of the nanowire array and to provide a high density of uniformly distributed catalytic sites for the electroless re-action, thus resulting in a smooth and continuous film morphology [140–142]. The electro-less bath used was a modified version of the approach found in [143]. Here, Ag nitrate (AgNO3) was used as Ag-ion source, ammonia (NH3) and ethylenediamine (C2H8N2) as com-plexing agents and D-glucose (C6H12O6) as reducing agent. The compositions of all the in-volved solutions are listed in Table 3.1. 
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Fig. 3.1 (a) Schematic representation of VLS nanowire growth and (b) disordered network 
of long SnO2 nanowires. 
Table 3.1 Compositions of the pretreatment solutions and electroless bath used for depos-
iting Ag onto SnO2-nanowire arrays. Pretreatment solutions Sensitisation   Activation Sn chloride 0.35 g (0.04 M)  Ag nitrate 0.27 g (0.05 M) Hydrochloric acid 37% 3 ml  Ammonia 25% 0.3 ml Deionised water 47 ml  Deionised water 30 ml Electroless bath Ag-complex solution  Reductive solution Ag nitrate 0.42 g (0.1 M)  D-glucose 0.54 g (3 M) Ammonia 25% 0.4 ml  Deionised water 1 ml Ethylenediamine 0.3 ml  Ethanol 0.1 ml Deionised water 25 ml       
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The experiments proceeded first by consecutively immersing the samples in the sensitising and activating solutions, for 10 min at each. Next, they were placed in the Ag-complex bath, followed by the addition of the reducing agent. Then, the electroless redox reaction was al-lowed to run for about 20 min, at room temperature and under mechanical agitation (pH ≃ 11). After each step, the samples were thoroughly rinsed with deionized water and then dried. At the end of this process, a core-shell type of structure was obtained, consisting of SnO2 nanowires (core) covered by a Ag layer (shell) 100 to 200 nm thick. The outer appearance of such structures can be observed in Fig. 3.2. 
 
Fig. 3.2 Ag-coated SnO2-nanowire arrays: (a) general and (b) close range visualisation. 
3.1.3 Electrodeposition of the Ni matrix The Ni matrix was galvanostatically (i.e., at constant current) deposited onto the Ag-coated SnO2-nanowire arrays. Here, a two-electrode electrochemical cell was used with Ni spheres acting as sacrificial anode. The electrolyte employed was a Ni-sulfamate solution, in which no enhancing additives (such as grain refiners, stress relievers or levelling agents) were present. Its composition is listed in Table 3.2. The Ni deposition was carried out at a nominal current density of 2 A/dm2, pH of 3.8 and 40 °C temperature, under magnetic stirring. The employed electrodeposition setup is displayed in Fig. 3.3. The point at which the Ag-SnO2 became fully embedded by the Ni matrix could be deter-mined by observing the evolution of the cathode potential over time, which is represented in Fig. 3.4. Remaining constant the Ni-ion concentration, pH and temperature  
Materials and methods 
 
30 
 
Table 3.2 Bath composition used during the electrodeposition of the Ni matrix onto the Ag-
coated SnO2 nanowires. Ni sulfamate concentrate (185 g/l Ni) 924 g/l Boric acid 35 g/l Ni chloride 5 g/l Na dodecyl sulphate 0.2 g/l Balanced with distilled water   
  
 
Fig. 3.3 Two-cathode electrochemical cell (and related equipment) employed for the elec-
trodeposition of the Ni matrix of the composite. 
of the electrolyte, the behaviour of the cathode potential was essentially governed by the current density. For instance, almost constant voltage was measured when depositing a pure-Ni coating onto a flat substrate, after the initial transition period during which island formation and coalescence took place. This was the case since both current and cathode surface remained unchanged, thus resulting in a constant current density. For substrates crowded with Ag-coated nanowires, the nominal surface differed from real. The first corre-sponded to that of the flat substrate, which was in turn used for calculating the current re-quired for producing the desired current density. The latter was given by the large surface of the nanowires and the free spots of the substrate. This was considerably larger than the nominal, thus resulting in a reduced initial (real) current density. As the matrix deposition proceeded, the nanowires became embedded and the real cathode surface gradually de-creased. This resulted in an increasing current density and, therefore, an evolving cathode 
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potential. Once the nanostructures were completely integrated into the matrix, the Ni dep-osition would proceed at a practically constant cathode potential, as in the case of the flat substrate. Its value should be also quite similar to that of the flat-substrate situation, since nearly the same current density would be operating. At this point, the Ni electrodeposition had to be stopped. 
 
Fig. 3.4 Comparison of the cathode potential evolution during the electrodeposition of a 
pure-Ni film and the Ni matrix of the Ni-Ag-SnO2 composite. The sudden stabilisation of the 
cathode potential observed in the composite’s curve is a good indicator of the moment at 
which the nanowires become completely embedded in the matrix. 
Lastly, the excess of Ni eventually deposited above the volume containing the nanowires would be removed by mechanical polishing, achieving a final thickness typically between 5 and 10 µm. In order to avoid damaging the surface, this was carefully performed using 3 and 1 µm diamond suspensions and, finally, OP-S (40 nm SiO2 colloid from Struers). 
3.1.4 Specific-purpose isothermal annealing The fabrication of standard Ni-Ag-SnO2 composites did not involve thermal treating. Never-theless, several samples were isothermally annealed for specific analysis purposes. In par-ticular, this was done for the evaluation of thermal stability and for obtaining coarser mi-crostructures for the investigation of tribomechanical properties. Said treatments were con-ducted at 300 and 500 °C for 10 h, at high vacuum (10-7 mbar), with heating and cooling rates of 10 °C/min. 
Materials and methods 
 
32 
 
3.2 Material characterisation techniques A broad variety of methods were employed for characterising the microstructure and prop-erties of the samples. These are briefly summarised in the next sections, including relevant experimental parameters. 
3.2.1 Focused ion beam (FIB) and scanning electron microscopy (SEM) A FEI Helios Nanolab 600 FIB/SEM dual-beam system was used for cross-sectioning and imaging the samples. The FIB consisted in a Ga-ion source operating at 30 kV, oriented at 52° with respect to a field-emission electron gun (see Fig. 3.5). The latter was used for SEM and scanning transmission electron microscopy (STEM) imaging at 5 and 30 kV, respec-tively. Moreover, FIB ion-channelling-contrast micrographs (i.e., images formed by ion-in-duced secondary electrons) were also recorded. This device allowed also performing serial-sectioning tomography (FIB tomography). The subsequent reconstruction and quantitative analysis were carried out with the Mercury Amira and Mavi software, respectively. 
 
Fig. 3.5 FIB/SEM dual-beam system used for cross-sectioning and imaging of the samples. 
FIB tomography, electron-backscatter diffraction and energy-dispersive X-ray spectroscopy 
analysis were also among its available features. 
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3.2.2 Electron backscatter diffraction (EBSD) The FIB/SEM dual-beam system had an EBSD module (EDAX) incorporated, which was used for the determination of grain size and the analysis of crystallographic texture. This was performed at 15 or 20 kV, with currents of 11 or 22 nA. The obtained data was normalised and filtered by confidence index (CI), removing all points with CI < 0.1 and those grains intersected by the edges of the scanned area. The step size was chosen to be one fifth (or less) of the average grain diameter of the sample. 
3.2.3 Energy-dispersive X-ray spectroscopy (EDS) The also available EDS detector (EDAX) allowed performing chemical analysis of the near-surface region of the samples. This was carried out at voltages ranging from 10 to 30 kV. 
3.2.4 Transmission electron microscopy (TEM) A JEOL JEM-2011 device was used for high-resolution TEM imaging and selected-area dif-fraction (SAD) analysis, operated at an acceleration voltage of 100 kV. 
3.2.5 Atomic-force microscopy (AFM) A Veeco Dimension 3000 atomic force microscope was employed for surface profiling and for the calculation of roughness parameters. The measurements were performed in tapping mode, recording 512 lines per scan at 0.5 Hz. 
3.2.6 High-temperature X-ray diffraction (XRD) In-situ XRD measurements during non-isothermal annealing were carried out using a Pan-alytical X’Pert MPD X-ray diffractometer, equipped with an Anton Paar HTK1200 high-tem-perature chamber. The diffractograms were recorded at high vacuum (10-6 mbar) using a Bragg–Brentano θ-θ configuration with CuKα1 radiation, applying voltage and current of 40 kV and 40 mA, respectively. The diffraction angle (2θ) varied from 35 to 95° with a step size of 0.0131°. The diffractograms were obtained at 30 °C; and from 50 to 600 °C, with a 50 °C step. For doing so, the samples were heated at a rate of 10 °C/min, letting the temperature stabilise for 5 min before each measurement, which proceeded afterwards for about 7 min. 
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3.2.7 Nanoindentation for the analysis of mechanical properties An ASMEC UNAT nanoindenter was used for recording load-displacement curves, allowing the evaluation of mechanical properties by means of the Oliver-Pharr method [144,145]. The nanoindentation tests followed the standard procedure for fast hardness (H) measure-ments according to the norm ISO-14577 [146]. A diamond Berkovich indenter (172 nm ra-dius) was used, applying a maximal normal load (F) of 10 mN. For the sake of obtaining statistically representative values, several tens of measurements were carried out over dif-ferent areas at the surface of each sample. The analysis of the results was automatically carried out by the software of the device (InspectorX). This started with the indenter’s maximum displacement (h) and the contact rigidity (S), parameters which were directly obtained from the load-displacement curves (see Fig. 3.6). The latter corresponded to the initial slope of the unloading segment of the curves. Next, the depth of contact of the indenter with the sample (hc), which differed from 
h due to the pile-up/sink-in effect, was given by   
ℎ𝑐𝑐 = ℎ − 𝜖𝜖(𝐹𝐹 𝑆𝑆⁄ ),  (3.1) where the parameter ϵ described the relationship between the elastic deformation over and beneath the indenter-sample contact area. A value of ϵ of 0.75 was adopted (which normally lies between 0.7 and 0.8), as recommended by the norm [146]. Then, the projected area of contact during indentation (Ac) could be calculated from the indenter area function as 
𝐴𝐴𝑐𝑐 = �−0.0015 + 0.0803ℎ𝑐𝑐0.25 + 0.4457ℎ𝑐𝑐0.5 + 3.7893ℎ𝑐𝑐 + 0.9987ℎ𝑐𝑐1.5�2. ( 3.2) Once knowing S and Ac, the sample’s H and the reduced Young’s modulus (Er) were com-puted as 
𝐻𝐻 = 𝐹𝐹 𝐴𝐴𝑐𝑐⁄  (3.3) and 
𝐸𝐸𝑟𝑟 = (𝑆𝑆 2⁄ )(𝜋𝜋 𝐴𝐴𝑐𝑐⁄ )0.5.        (3.4) Finally, the proper Young’s modulus (E) of the indented material was determined as 
𝐸𝐸 = (1 − 𝜐𝜐2) �1 𝐸𝐸𝑟𝑟⁄ − �1 − 𝜐𝜐𝑖𝑖2� 𝐸𝐸𝑖𝑖⁄ �� ,  (3.5)  
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where ν denoted the Poisson’s ratio (0.3 for the analysed samples) and the subindex i re-ferred to the properties of the indenter (Ei and νi had values of 1140 GPa and 0.07, respec-tively). 
 
Fig. 3.6 (a) Sink-in of a surface during indentation (which is normally the case for ductile 
metals), resulting in a reduced depth of contact (hc) with respect to the indenter’s maximum 
displacement (h). The opposite case is known as pile-up, where the indented material flows 
plastically and surrounds the indenter above the original surface plane. (b) Exemplary load-
displacement curve obtained from a nanoindentation measurement. The contact rigidity (S) 
is given by the slope of the unloading segment at maximum load. This magnitude, together 
with the applied load and h, were used to derive all other parameters and material proper-
ties. 
3.2.8 Friction and wear evaluation The same equipment used for the nanoindentation measurements had a lateral force unit incorporated, which allowed performing tribological experiments in a linearly reciprocat-ing ball-on-flat configuration. Unlubricated sliding friction and wear tests were conducted in ambient air using a diamond ball of 5.8 µm radius subjected to F of 5, 10, 20 and 30 mN. At each experiment the ball slid along a 100 µm-long track, performing 100 cycles. A cycle was defined as two stroke lengths (back and forth, amounting a sliding distance of 200 µm/cycle), having a frequency (f) of 0.1 Hz. In order to obtain statistically representative values, at least three measurements were carried out at each F at different areas of each sample. 
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3.2.8.1 White-light interferometry (WLI) The resulting wear volumes (W) and the initial (prior testing) root-mean-square roughness (Rq) were measured by means of WLI using a ZYGO NewViewTM 7300 (profilometer). 
3.2.9 Four-point probe electrical resistivity measurements The bulk electrical resistivity (ρ) of the samples was determined employing a linear-array 4-point-probe setup, having a 1 mm probe separation. The measurements were carried out at room temperature, applying currents (I) ranging from 5 to 99 mA. 
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4 Microstructure and mechanical properties 
characterisation 
4.1 Introduction The microstructure and properties of materials are intrinsically connected by the fact that the former defines and governs the latter. For that reason, the materials science has sought since its beginnings to further understand their hidden relationships and, accordingly, to develop novel processing methods which would allow tailoring the microstructure and thus controlling and enhancing the resulting properties. Such efforts have been always driven by the ever-expanding demand of new high-tech applications and the need to comply with in-creasingly demanding standards and service conditions. A well-known example of this is given by the use of films and coatings for improving the performance of the coated material with regard to certain properties and operating condi-tions. Ni-based films have been widely applied to this end, both as single-phase materials (pure and alloyed) and as metal-matrix composites, mostly due to their high strength and hardness [33,34]. The electrodeposition technique has proven to be a fast, relatively simple and highly scalable method for the production of such films. Through the modification of experimental parameters such as the current density, bath composition and temperature, the microstructure and mechanical properties of the films can be accurately modified [147–149]. Most research efforts and available literature on this subject concentrate on the con-trolled reduction of grain size, aimed to enhance the mechanical response of the materials. This strengthening is given by the increase in the density of grain boundaries, which act as pinning points for dislocations, impeding their further propagation upon plastic defor-mation. Moreover, an additional hardening results from dislocation interactions induced by multiple slip in the vicinity of grain boundaries. The relationship between grain size and strength was firstly mathematically described by Hall and Petch [150,151], which led to a renewed interest in the investigation of the working principles behind this strengthening mechanism and the development of new methods for the production of high-strength ma-terials. That being said, the work presented in this chapter had two main purposes. First, to provide a detailed picture of the main microstructural features of the Ni-Ag-SnO2 films, gaining an understanding of the role played by the Ag-coated nanowires in their configuration. Second, 
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to evaluate the mechanical behaviour of the composite, elucidating its governing mecha-nisms with the help of the obtained microstructural information. Supporting this analysis and for comparison purposes, two sets of pure-Ni films were also investigated: (i) one which was deposited using exactly the same bath and experimental parameters as for the Ni-Ag-SnO2 and (ii) another whose grain size was refined to match that of the composite’s matrix. The hardness, Young’s modulus and stress-strain relation-ship of the films were evaluated from nanoindentation data. For the study of the plastic component of the tensile behaviour of the samples, a straightforward calculation method was performed, based on the combination of analytical and computational models available in the literature. 
4.2 Experimental details The Ni-Ag-SnO2 composite films were produced as described in 3.1. Two sets of pure Ni films were used for comparison and analysis purposes, denominated coarse-grained (Nicg) and fine-grained (Nifg) Ni. They were deposited using the same bath and experimental pa-rameters as for the composite’s matrix, with the only addition of 0.1 g/l of saccharin (grain refiner) in the case of Nifg, in order to obtain a grain size similar to that of the composite’s matrix.  The evaluation of the mechanical properties of the samples was based on nanoindentation tests, which followed the procedure described in 3.2.7. 
4.3 Results and discussion 
4.3.1 Microstructure characterisation The Ni-Ag-SnO2 composite presented an inhomogeneous, gradient microstructure which, in the as-deposited state, could be divided into four regions or layers according to their phase distribution (as depicted in Fig. 4.1). From the substrate upwards, these arbitrary zones en-closed the following:  (i) a Ag-SnO2-rich region, given by the presence of all the existing nan-owires and, therefore, with higher Ag content (Ag was deposited onto the SnO2 nanowires and onto the exposed substrate at their feet); (ii) an area with higher predominance of the Ni matrix, since fewer nanowires reached this level given their different lengths and how they bent during growth; (iii) a Ni-rich region where only the longest and straightest Ag-coated nanowires were able to extend; and, finally, (iv) an excess  
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Fig. 4.1 Cross-section of an as-deposited Ni-Ag-SnO2 film (prior to polishing and removal of 
excess Ni) imaged by (a) standard SEM and (b) FIB ion-channelling contrast. The former 
exposes clearly the gradient nature of the microstructure, where the dotted lines enclose 
regions (i-iv) of different composition in terms of reinforcement content. Here, the brighter 
phase embedded in a darker matrix corresponds to the Ag-SnO2. The second image (b) re-
veals the fine-grained morphology of the matrix, which resulted from the strong pinning of 
grain boundaries exerted by the Ag-coated nanowires during the Ni deposition. 
of pure Ni close to the surface, as a consequence of an overextended electrodeposition time. This excess of Ni and part of the adjacent layer (iii) were removed by polishing, leaving be-hind a fine-grained microstructure which resulted from grain growth stagnation due to the pinning force exerted by the Ag-SnO2 during the electrodeposition of the matrix [152,153]. The nanowires reaching the surface were randomly oriented with respect to it. Most of them, long ones, would bend and thus lie parallel to the film. The shorter, straight nanowires could intercept the surface at almost right angles. The topography of the electrodeposited Ni matrix was also influenced by the presence of the nanowires. The Ni-Ag-SnO2 composite developed a much more irregular surface, con-sisting of agglomerated spherical protrusions, contrasting with the much flatter pure-Ni films (see Fig. 4.2). This was confirmed by AFM measurements, which revealed that the roughness parameter Rq of the composite was about six times that of pure Ni. This can be understood considering the fact that the Ni matrix deposition proceeded not only from the substrate upwards but also from the nanowires outwards, thus differing from the progres-sive layer-by-layer formation which characterise uniform films. Moreover, the randomly oriented nanowires and the irregularly growing Ni deposits constituted high-curvature (or 
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edged) surfaces, where the concentration of electrical field lines increased, leading to gra-dients in the amount of the deposited metal. The rough features of the composite’s surface were later flattened upon the removal of the excess of Ni by mechanical polishing. 
 
Fig. 4.2 Surface view of electrodeposited Ni (a) onto Ag-coated SnO2 nanowires (composite) 
and (b) on a flat substrate. Corresponding AFM topographic height profiles are also shown 
with their respective Rq values. The presence of the nanowires translated into a 500% in-
crease in roughness. 
TEM analysis allowed studying the bonding between Ag and SnO2. As observed in Fig. 4.3, a continuous, pore-free interface was found, indicating good wetting between them. Further-more, SAD patterns from both phases allowed clearly confirming their crystalline nature (single-crystalline in the case of the nanowires). Regarding their integration into the matrix, the Ag-Ni interface displayed good wetting between both metals in general, which charac-terised the good quality and strength of their bonding (Fig. 4.4). However, some degree of porosity was also observed at said interface in a small number of cases. Other than from weak bonding or incomplete wetting, this could have resulted from the release of internal stresses upon removal of the thin specimen (used for imaging) from the sample. Moreover, the ion-beam-assisted thinning procedure could have introduced further damage. 
Microstructure and mechanical properties characterisation 
 
41 
 
 
Fig. 4.3 (a) Bright-field TEM image of the longitudinal section of a Ag-coated nanowire. The 
SAD patterns from (b) Ag and (c) SnO2 were obtained from the areas enclosed by circles. 
 
Fig. 4.4 Bright-field STEM images displaying the (a) cross and (b) longitudinal sections of 
Ag-coated SnO2 nanowires within a Ni matrix. Determining the relative amount of each phase present in the composite resulted quite chal-lenging. Many fabrication methods allow precisely defining the resulting material composi-tion by controlling, for instance, the quantities of different powders being mixed for sinter-ing; the concentration of species to be co-deposited in an electrochemical bath; or the sput-tering rate of different targets. Unfortunately, such direct and conclusive approaches were not available (or rather possible) for the three-step fabrication procedure of the Ni-Ag-SnO2 films. Moreover, no experimental characterisation technique available was able to provide such information (at least not with an acceptable relation between speed and analysed vol-ume) due to restrictions inherent to the samples. These limitations were mainly morpho-logical or compositional in nature. The former involved the gradient microstructure (which 
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impeded using surface techniques as their results would not be representative of the whole) and the impossibility of performing large and clean cross-sectional cuts without damaging the films (due to their negligible thickness with respect to that of the substrate). The latter related to the large content difference between the three phases (mainly Ni and Ag vs SnO2), resulting in spectroscopic techniques yielding poor signal-to-noise ratios or ambiguous re-sults. For instance, an interesting approach considered was to perform EDS on FIB cross-sections. However, the low signal from the characteristic X-rays of Sn (Lα1 at 3.44 eV) over-lapped with the secondary peaks of Ag (Lβ2 and Lγ1 at 3.35 and 3.52 eV, respectively) [154]. Moreover, the X-rays reaching the detector did not originate homogeneously from all over the scanned surface (due to higher absorption of those close to the substrate plus the shad-owing effect), yielding only localised (non-representative) results. In light of the issues above described, the approach taken for evaluating the composition of the films involved the stereological analysis of SEM images from a large number of cross-sectional cuts performed with a FIB, which was complemented by FIB tomography. It is known from the fundamental relationships of stereology, that the volume fraction of a phase within the structure can be estimated from its area fraction on an image [155,156]. Then, first, the combined area fraction of Ag and SnO2 was easily determined given the high con-trast observed in SEM micrographs between Ni and Ag (see Fig. 4.1a). Similar information was obtained from FIB tomography of the composite but directly in terms of volume frac-tion. Assessing the amount of SnO2 nanowires was not so straightforward. Given their small diameters, it was not always possible to clearly discern them within the Ag at the relatively low magnification levels required to display the whole thickness of the film. Consequently, the SnO2 content was calculated by analysing several Ag-SnO2 clusters from different re-gions of the cross-sections, in which the SnO2 could be certainly distinguished. The results from these observations (i.e., the fraction of SnO2 within the Ag-SnO2 clusters) were then extrapolated for the whole composite. Such procedure would be valid since the amount, dis-position and morphology of the Ag phase were directly related to those of the nanowires, independently from the gradient nature of the microstructure. Moreover, high-resolution FIB tomography of several arrays of shorter, free-standing nanowires (i.e., without Ag and Ni) revealed spatial occupation values in good agreement with the volume fraction of SnO2 estimated for the composite. Some of the FIB-tomography reconstructions considered for this analysis are displayed in Fig. 4.5. Then, through this whole process, the contents of Ag and SnO2 were found in the range of 25-40 and 2-3 vol%, respectively, together with a po-rosity of about 4%. Specifically in the top or near-surface region of the composite, which 
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was mostly accountable for the response towards nanoindentation, the films contained 5 to 15 vol% Ag and about 1 vol% SnO2. This showed consistency with EDS measurements at the surface, which detected 9 ± 4 vol% Ag. 
 
Fig. 4.5 FIB-tomography reconstructions from (a) a Ni-Ag-SnO2 composite film and (b) from 
arrays of free-standing SnO2 nanowires. The mean area-weighted grain size (dA) of the composite and Ni reference samples (Nicg and Nifg) was determined by EBSD, and the results are displayed in Fig. 4.6. The collected data showed very good fitting with the lognormal distribution function (bimodal in the case of Nicg). The introduction of the Ag-SnO2 produced a reduction in dA of 85%. This was at-tributed to the pinning of grain boundaries by the nanowires and the collision of multiple Ni growth fronts advancing in all directions (not only from the substrate upwards but also from the randomly oriented nanostructures outwards), resulting in high energy barriers for further crystallite growth. A reduction of the same order was achieved in the case of Nifg by the addition of 0.1 g/l of saccharin in the electrolyte. Grain refiners as such adsorb onto the deposit, limiting the surface diffusion of ions and, thus, increasing nucleation while hinder-ing two-dimensional growth [157]. 
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Fig. 4.6 Grain size distribution histograms (with their corresponding fitting curves) ob-
tained by means of EBSD from (a) Ni-Ag-SnO2, (b) Nicg and (c) Nifg. The values of dA are 
shown with their standard deviation in brackets. 
Unlike the non-textured, equiaxed-grain structure of the Ni-Ag-SnO2 (displayed in Fig. 4.1b), both Ni samples presented columnar or rather fibrous-like grains (Fig. 4.7) with a 〈100〉 fibre texture perpendicular to the film surface (Fig. 4.8). Such characteristics are commonly found in the literature for similar deposition conditions [147–149,158–160]. The elongated grains indicated the absence of continuous nucleation [161], caused by the relatively low current densities required for the galvanostatic deposition. According to the preferred-growth model, the texture of films is controlled by their lattice surface energy and the con-centration of adjacent ions [162]. It states that, at low concentrations (i.e., low current den-sity), the crystal planes of lowest energy deposit parallel to the substrate. With increasing ion concentration (higher current density), the orientation shifts to that of higher-energy planes. Then, for FCC metals, the energy of crystallographic planes is ordered as follows: {111} < {100} < {110}. Pangarov had previously arrived at similar conclusions by calculating the work of formation of two-dimensional nuclei. He found that with increasing deposition overpotential (i.e., increasing current density), the preferred orientation of FCC metals shifts from {111} to {100} and then {110} [163,164]. Thus, the {100} orientation of Nicg and Nifg corresponded with a middle overpotential according to Pangarov, which resulted from the combination of a relatively low current density and the intrinsically large overpotential of Ni electrodeposition [163]. The dissimilar features of the Ni-Ag-SnO2 composite (i.e., ran-domly oriented, equiaxed grains) were the result of non-flat crystal growth fronts (given by the random spatial orientation of the nanowires), larger surface diffusion paths, the strong pinning of boundaries of growing crystals and a reduced current density (due to the large surface inherent to the nanowires, significantly greater than that from the flat substrate). As a final remark, no porosity was detected in the cross-section of the pure-Ni films by FIB/SEM. 
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Fig. 4.7 Ion-channelling-contrast images of FIB cross-sections of (a) Nicg and (b) Nifg sam-
ples. 
 
Fig. 4.8 [001] inverse pole figures recorded at the surface of (a) Ni-Ag-SnO2, (b) Nicg and 
(c) Nifg films. 
4.3.2 Mechanical properties evaluation 
4.3.2.1 Hardness Typical force-displacement curves of the investigated materials are displayed in Fig. 4.9. The indentation depths fell in the range of 270-420 nm, comprising in all cases less than 10% of the film thickness (mostly under 5%), excluding any influence of the substrate on the experimental results [165]. The obtained values of hardness (H) are shown in Table 4.1. Nifg showed a 100% increase with respect to Nicg, which can be attributed to the grain-boundary strengthening mecha-nism since the only major difference between these samples was their grain size. Regarding the composite, a first glimpse revealed a 66% increment for the Ni-Ag-SnO2 with respect to Nicg, being this the net effect of introducing the Ag-SnO2 phase in the material. As it was the case for Nifg, this increase in H originated mostly from the aforementioned 85%  
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Fig. 4.9 Exemplary nanoindentation load-displacement curves from the investigated films. 
reduction in dA. Several complementary models have been developed to describe material strengthening through grain refinement, which have been summarised in the review papers from Kato [166], Malygin [167] and Meyers et al. [168]. Among them, the dislocation pile-up model [169] and those based on higher dislocation production in polycrystals are usually adopted. The dislocation pile-up model states that at the onset of plastic deformation, dis-locations generated from Frank-Read sources pile up at grain boundaries. This builds up a stress concentration until a critical value is reached, at which dislocations start to form in the contiguous grain and thus the material yields. If the grain size is reduced (i.e., the total grain-boundary surface is increased), a higher stress will be needed for concentrating the same amount of dislocations in the pile-up. The models based on a higher dislocation yield in polycrystals contemplate, for instance, grain boundaries acting as sources of dislocations (as proposed by Li [170]) and Ashby’s concept of geometrically-necessary dislocations [171], responsible of accommodating the deformation of plastically inhomogeneous parts of materials (e.g., grains in polycrystals). These grain-boundary strengthening mechanisms are valid for grain sizes down to about 10 nm. Underneath that limit, material softening commonly associated to grain-boundary sliding is likely to occur [172].  
Table 4.1 Hardness and Young’s modulus of the samples, obtained by nanoindentation 
(standard deviation in brackets).   H (GPa) E (GPa) Ni-Ag-SnO2 4.45 (0.30) 135.8 (13.9) Nicg 2.68 (0.12) 162.6 (28.4) Nifg 5.34 (0.06) 177.5 (12.1) 
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Another mechanism which could have played a role in increasing the composite’s H was the dispersion strengthening produced by the SnO2 nanowires. According to Orowan’s theory [173], hard reinforcing particles force moving dislocations into bowing out between them, hindering their motion and leaving behind dislocation loops, which increase the stress re-quired for the propagation of other incoming dislocations. This mechanism becomes more active with increasing volume fraction and smaller size of the particles. In the composite’s case, the inhomogeneous distribution of the nanowires as well as their relatively low con-tent and large dimensions ruled out the possibility of a significant weight of this mechanism in the whole strengthening of these films. On the other hand, a decrease in H of about 17% was observed for the composite with re-gard to Nifg, having both approximately equal grain sizes. In order to determine if this devi-ation corresponded to a mild random fluctuation or rather was microstructure related, the Hall-Petch [150,151] behaviour of the films was analysed, which is given by 
𝐻𝐻 = 𝐻𝐻0 + 𝑘𝑘𝐻𝐻𝑑𝑑−0.5.     (4.1) Here, H0 and kH are constants and d refers to grain size. In order to obtain additional points for the Ni curve, more samples were produced with grain sizes differing from those of Nifg and Nicg. Intermediate sizes were achieved by using saccharin concentrations below 0.1 g/l and larger ones through annealing. For the Ni-Ag-SnO2 curve, larger grain sizes were ob-tained by removing slightly less material from layer iii (Fig. 4.1) during polishing. Therefore, less Ag-coated nanowires were present at the top of the film, resulting in coarser matrix grains. Moreover, even larger grains emerged from annealing this last set of samples. In all cases, the annealing treatments were performed as described in 3.1.4. The Hall-Petch curves are shown in Fig. 4.10. Only by the inclusion of the data point corre-sponding to the composite, the coefficient of determination R2 of the linearly fitted Ni curve dropped from 0.99 to 0.94 and the residual sum of squares increased by almost 500% (see Fig. 4.10a and b), indicating a weaker fit and a much higher discrepancy with the model, respectively. This information supported the idea that other factors intervened in the me-chanical response of the composite, which were absent for the Ni films. This softening of the Ag-Ni-SnO2 with respect to Nifg was a consequence of the presence of the weaker Ag phase. With negligible solubility or reactivity with Ni [9], no solid-solution strengthening was pos-sible, leaving pure Ag as a relatively easier path for dislocation motion. With much lower stacking-fault energy than Ni (18 vs 110 mJ/m2, respectively [174]), Ag readily deforms by 
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twinning, which also derives from the slip of Schockley partial dislocations. Porosity is also to be accounted in part responsible for degrading the mechanical response of the composite, since it disrupts the approximately homogeneous load transfer that should take place in a fully dense microstructure. Stresses concentrate around pores, leading in some cases to their collapse and thus, local failure of the material occurs. 
 
Fig. 4.10 Hall-Petch plots from the hardness of (a) pure-Ni films, (b) pure Ni together with 
one data point corresponding to the Ni-Ag-SnO2 and (c) composite films. The error bars are 
given by the standard deviation. 
Another interesting observation was the 41% reduction in the slope kH of the Hall-Petch curve of the composite (Fig. 4.10c) with respect to that of Ni (Fig. 4.10a). This showed a higher strengthening for pure Ni or, likewise, less sensitivity in the mechanical response of the composite towards changes in grain size (i.e., for an equal variation in grain size, the change in H of the composite would be 41% smaller than that of pure-Ni films). The main reason behind this was that the grain size of the Ni-Ag-SnO2 samples considered for the Hall-Petch analysis corresponded to the one measured by EBSD at the surface, which did not necessarily match that from inner regions closer to the substrate. These inner regions pos-sessed a higher Ag-SnO2 content, bearing stronger pinning forces which would have re-sulted in a quite stable grain size even after annealing. Therefore, the inner region of all these samples possessed similar strength, which partially compensated the softening pro-duced at the samples whose outer grain size changed. Finally, the texture could have also played a role in this matter. The slope kH is expected to be larger for {100}-textured Ni than for the randomly oriented matrix of the composite, likely as a result of a reduced density of dislocation sources due to the lower density of high-angle grain boundaries [175]. 
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4.3.2.2 Young’s modulus The Young’s modulus (E) is a characteristic parameter of the elastic behaviour of materials. It depends on the binding energy of atoms and it is generally considered to be relatively unaffected by changes in the grain size distribution. The E obtained from the three systems under study are listed in Table 4.1. Both Nicg and Nifg showed reduced values with respect to the 200 GPa of bulk Ni [123]. Several works from different authors reported similar results for Ni films, even down to values below 100 GPa [158,176–179]. Based on their findings in relation to similar electrodeposition parameters and resulting film features, the reduction in E observed in the present work could be at-tributed to the following reasons: the use of current densities high enough to limit the mass transport of Ni ions, which hindered the rearrangement of atoms and thus produced less dense coatings (i.e., nanoporosity); the texture of the films, since the theoretical E of {100}-oriented Ni is 130 GPa; and the presence of internal stresses, which are inherent to electro-deposited Ni coatings. Another reason to consider would be the incorporation of non-me-tallic species (e.g., ammonium and sulfate ions from hydrolysis reactions or carbonaceous material and sulfur from the saccharin), which would affect the film’s microstructure and atomic arrangement [161]. The Ni-Ag-SnO2 films exhibited even lower values, which was expected due to the nature of the of Ag phase (having E of 83 GPa [123]) and the presence of both porosity and sites of poor bonding between the three constituent phases. In order to support these observations, an attempt was made to model the composite’s E. This was carried out by applying the fun-damental analytical solutions, as presented by Wang and Pan [180], for calculating the ef-fective properties of two-component materials. For the matrix, the E of Nicg was adopted, since their deposition conditions were identical. Considering that these models are, basi-cally, different variants of the rule of mixtures, the weight of the SnO2 nanowires could be conveniently neglected due to their low volume fraction. The contribution of porosity was weighed in by using the empirical relation given by Watchman and Mackenzie [181,182]: 
𝐸𝐸 = 𝐸𝐸0(1 − 𝑓𝑓1𝑝𝑝 − 𝑓𝑓2𝑝𝑝2),         (4.2) where E0 is the elastic modulus of the pore-free material, p is the porosity and f1 and f2 are constants, which assume values of 1.9 and 0.9, respectively, when considering spherical voids and Poisson’s ratio of 0.3. It can be deduced from Eq. 4.2 that, for low up to middle 
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porosity (p < 20%), the percent reduction in E is about two times the value of p. Accordingly, the 4% p of Ni-Ag-SnO2 corresponded to a reduction in E of about 8% with respect to E0. The values obtained from these models are listed in Table 4.2. All of them returned similar results, with an average value of 142 GPa (4.6% higher than the one measured by nanoindentation). The best fit was achieved with the denominated series model (which is actually Reuss’ transverse-loading rule of mixtures [183]), with an error of 1.9%. This was in agreement with the fact that the longest Ag-coated SnO2 nanowires tend to bend and run mostly parallel to the film’s surface and perpendicular to the indentation load direction. 
Table 4.2 Results of the calculation of the composite’s Young’s modulus from different mod-
els based on the rule-of-mixtures, together with their deviation from the measured values. Model E (GPa) Error (%) Parallel (Voigt) 143.8 5.9 Series (Reuss) 138.4 1.9 Effective-medium theory 142.6 5.0 Maxwell 142.6 5.0 Hamilton 143.3 5.5 Reciprocity 141.5 4.2 Average values 142.0 4.6 
  
4.3.2.3 Evaluation of the stress-strain relationship from nanoindentation data The application of standard bulk-material methods for measuring the stress-strain (σ-ε) re-lationship in thin films has proved to be a highly complex task. As a consequence, big efforts have been made to develop procedures for extracting the elastoplastic properties of ductile materials from nanoindentation experiments [184–188]. Such attempts usually involved di-mensional analysis and finite-element simulations which, assisted by theoretical and exper-imental investigations, provided analytical expressions which linked nanoindentation data to the uniaxial σ-ε behaviour of materials. One disadvantage of these methods is that their application is not straightforward. They normally involve several complex calculation steps which must be performed for each individual indentation performed on the samples. More-over, these techniques consider only load-displacement curves whose unloading starts im-mediately upon reaching maximal force. This ignores those measurements which incorpo-rate constant-load times (mostly for creep effects), which are quite standard procedures (like the one employed in this work). 
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Then, for evaluating the tensile properties of the studied films, a method based on the re-sults from Ma et al. [184] regarding finite-element simulations of Berkovich-indentation ex-periments was employed. Assuming a power-law work-hardening behaviour of polycrys-talline metals, the response to uniaxial tension is given by: 
𝜎𝜎 = � 𝐸𝐸𝐸𝐸,                                   for 𝜎𝜎 ≤ 𝜎𝜎𝑦𝑦
𝐾𝐾𝐸𝐸𝑛𝑛 = 𝜎𝜎𝑦𝑦1−𝑛𝑛(𝐸𝐸𝐸𝐸)𝑛𝑛      for 𝜎𝜎 ≥ 𝜎𝜎𝑦𝑦, (4.3) where σy denotes the starting yield strength, K is a constant and n is the work-hardening coefficient (0 < n < 1). The latter lies normally, for metals, between 0.2 and 0.5 (a higher n means greater work-hardening capacity). However, it can be much lower in the case of dis-location-saturated microstructures, such as those found in nanocrystalline metals pro-cessed by severe plastic deformation. For this analysis, σ and ε refer to true (rather than engineering) stress and strain. Fitting their simulation results, Ma et al. found that 
�𝐻𝐻 𝜎𝜎𝑦𝑦⁄ � = (1.76 − 3.7𝑛𝑛 + 2.52𝑛𝑛2)�𝜎𝜎𝑦𝑦 𝐸𝐸⁄ �(−0.073−0.96𝑛𝑛),       (4.4) which we would use later to calculate σy. To this end, only n remained unknown, since the values of H and E were already available from the nanoindentation measurements. Several authors have developed different models relating n to both the indenter’s maximum dis-placement (h) and the depth of contact of the indenter with the sample (hc) [189–191]. As explained in Fig. 3.6, h and hc are likely to differ because of pile-up/sink-in effects. In the present work, the solution from Hill et al. [191] based on the plastic deformation theory was adopted, in view that it showed very good agreement with the simulations of Ma et al. along the whole range of values of n analysed in their paper [184]. This model is given by: 
ℎ𝑐𝑐 ℎ⁄ = [5(2 − 𝑛𝑛)] [2(4 + 𝑛𝑛)]⁄ . (4.5) The values of h and hc used here to calculate n with Eq. 4.5 were direct and derived results, respectively, from the nanoindentation experiments (as described in 3.2.7). Then, σy was finally calculated for each material by using Eq. 4.4. The calculated values of n and σy are listed in Table 4.3, together with other relevant parameters related to the plastic behaviour of the films. The corresponding σ-ε curves are shown in Fig. 4.11.  
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Table 4.3 Parameters associated to the plastic behaviour of the films under uniaxial tension 
(given by Eq. 4.3), which were calculated from indentation data. Standard deviation values 
are listed in brackets.   K (GPa) n σy (MPa) σ0.2% (MPa) σ8% (MPa) Ni-Ag-SnO2 5.01 0.42 (0.00) 444 (26) 587 1719 Nicg 2.44 0.36 (0.01) 226 (1) 332 978 Nifg 5.88 0.42 (0.01) 510 (15) 687 2046 
  The σy of Ni-Ag-SnO2 showed a 96% increment with respect to Nicg due to grain-boundary strengthening. On the other hand, a 13% reduction with respect to Nifg was observed, ex-plained by the softening induced by the presence of weaker phases (Ag and porosity). This scenario was analogous to that previously observed for the H. However, the composite films performed relatively better in terms of σy than in terms of H, when using the Ni samples as comparison reference. This was evidenced by the larger increment with respect to the softer Nicg (96 vs 66%) and the smaller reduction with respect to the stronger Nifg (13 vs 17%). The reason behind this was the detrimental effect of the lower E of the composite on its H. The larger amount of elastic deformation would result in an increased contact area of the indenter with the sample, thus reducing the contact pressure which defines its H.  
 
Fig. 4.11 Strain-stress curves of the investigated films derived from nanoindentation data. 
Tabor established that for materials which do not experience work-hardening (i.e., perfectly plastic, n ~ 0) 𝜎𝜎𝑦𝑦 = 3𝐻𝐻 [192]. For the case of work-hardening metals (n > 0), he suggested that σy should be replaced in that relationship by the flow stress at a representative strain of 8 to 10%, which would also represent a fairly good approximation to the ultimate tensile 
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strength [161,192,193]. The stress corresponding to a representative strain of 8% (σ8%) was calculated for the samples under study using Eq. 4.3 and is listed in Table 4.3. The ratio between H and σ8% ranged between 2.58 and 2.74, showing consistency with Tabor’s rela-tionship. Moreover, Cheng and Cheng showed that when σy/E < 0.02 (as in this work), the ratio between H and the stress corresponding to Tabor’s representative strain should range between 2.4 and 2.8 [194], what further supports the results here obtained. Finally, the Hall-Petch relationship was analysed, now in terms of σy. It is expressed by Eq. 4.1, replacing H, H0 and kH with their analogues σy, σy0 and ky, respectively. The experimental data was accurately fitted with linear curves, as shown in Fig. 4.12, confirming the Hall-Petch behaviour of the films. This was expected due to the fact that grain-boundary strengthening was believed to govern their mechanical response. A weaker dependency of 
σy on the grain size was found for the Ni-Ag-SnO2 (indicated by a lower ky with respect to that of pure Ni). This suggested the activity of other mechanisms in the behaviour of the composite, which partially reduced the degree of grain-boundary strengthening. This situ-ation is equivalent to that observed in the case of the H, which was already discussed at the end of 4.3.2.1. The value of ky calculated for the Ni samples (7.3 GPa·nm0.5) was in good agreement with results from other authors, which usually range between 5.7 and 7.6 GPa·nm0.5 [175]. 
 
Fig. 4.12 Hall-Petch plots from the yield stress of (a) pure-Ni and (b) Ni-Ag-SnO2 films. The 
error bars are given by the standard deviation. 
4.4 Conclusions Ni-Ag-SnO2 composite films were successfully produced using the proposed fabrication pro-cedure, which combined the CVD, electroless and electrodeposition techniques. Their mi-crostructure and mechanical properties were investigated, together with those from two 
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types of pure-Ni films (coarse and fine-grained) for comparison and analysis purposes. The main results here obtained are summarised next. 
• The Ni-Ag-SnO2 presented a gradient microstructure with decreasing content of the sec-ondary phases towards the surface. Its dA was reduced by 85% with respect to the simi-larly deposited Nicg, as a result of grain-boundary pinning by the Ag-SnO2 phase during the electrodeposition of the matrix. 
• Nanoindentation experiments revealed an increase in the composite’s H of 66% with re-spect to Nicg, as a result of grain-boundary strengthening. However, a 17% reduction was observed with respect to Nifg (having similar dA), which was attributed to the presence of the softer Ag component and porosity. 
• The pure-Ni samples showed reduced values of E (163-177 GPa) with respect to bulk Ni (200 GPa). This was likely caused by a limited mass transport of Ni ions during the elec-trodeposition, which could result in less dense coatings. The even lower E of the compo-site (136 GPa) was accurately modelled using several variants of the rule of mixtures, confirming that the weaker Ag phase was the main reason behind said reduction. 
• A straightforward method based on analytical and simulation results from several works available in the literature was proposed for characterising the σ-ε response of the mate-rials from indentation data. Similarly as observed for the H, the calculated σy of the Ni-Ag-SnO2 was 96% higher and 13% lower than those of Nicg and Nifg, respectively. 
• Both H and σy of the studied materials satisfied the Hall-Petch relationship. The lower slopes in the curves of the composite indicated that other mechanisms besides grain-boundary strengthening influenced its mechanical response. 
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5 Analysis of the dry-sliding friction and wear 
behaviour 
5.1 Introduction The use of films and coatings is a matter of great interest for tribologists, since it allows improving the performance of materials which operate under the influence of friction and wear phenomena. Countless engineering applications profit from this, such as cutting tools, electrical contacts, magnetic recording devices, biomedical components and microelectro-mechanical systems [195]. This is true not only for moving parts but also for nominally sta-tionary couples which undergo normal and tangential micromotion during operation. Such conditions may promote all sorts of degrading processes at the involved surfaces, such as deformation, wear, oxidation and corrosion. The influence of the microstructure on the tribological properties of diverse films is a widely investigated topic. Special attention is usually paid to the role of grain size on the mechanical strength, since the hardness of materials largely determines their friction and wear behav-iour [8,157,196,197]. As mentioned in the previous chapter, the relationship between strength and grain size was firstly mathematically described by Hall and Petch [150,151]. Ni-based films have been frequently subject of these studies due to their high technical rel-evance, which is given by their superb mechanical and tribological properties as well as re-markable corrosion and oxidation resistance [52,53,147,198]. The work presented in this chapter aimed to evaluate the tribological behaviour of the Ni-Ag-SnO2 composite and to gain an understanding of the role played by its constituents. Again, two sets of pure Ni-films were also studied: (i) one which was deposited using the same bath and experimental parameters as for the composite’s matrix; and (ii) another pos-sessing a hardness similar to that of Ni-Ag-SnO2, which was achieved through grain refine-ment. The former served as comparison reference, allowing to assess the net effect of intro-ducing the Ag-SnO2 phase. The latter provided information on whether the reinforcement induced any other effects, other than grain-boundary strengthening, which could have in-fluenced the tribological response of the composite. Friction and wear were evaluated in dry-sliding conditions (i.e., without lubrication) in am-bient air, using a linearly reciprocating ball-on-flat experimental setup. Such configuration 
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simulated the fretting type of wear (i.e., surfaces contacting during small-amplitude recip-rocating motion) experienced by the electrodes of electrical-contact devices. Diamond was employed as counter-body material, aiming to avoid any material transfer towards the sam-ples. This would simplify the interpretation of results and reduce the number of variables for consideration when modelling the system’s behaviour, providing a deeper understand-ing on a fundamental basis. 
5.2 Experimental details The Ni-Ag-SnO2 composite films were produced as described in 3.1. Two sets of pure-Ni films were used for comparison and analysis purposes, denominated coarse-grained (Nicg) and fine-grained (Nifg) Ni. They were deposited using the same bath and experimental pa-rameters as for the composite’s matrix, with the only addition of the grain refiner saccharin (< 0.1 g/l) in the case of Nifg, in order to obtain a hardness similar to that of the composite. The evaluation of the mechanical properties and tribological behaviour of the samples was carried out according to the procedures described in 3.2.7 and 3.2.8, respectively. 
5.3 Results and discussion The hardness (H) and Young’s modulus (E) of the studied samples obtained by nanoinden-tation are listed in Table 5.1, together with their grain size and surface roughness (Rq). The basic outputs of the tribometer from the friction and wear tests were the mean dynamic-friction coefficient (µ) and the mean normal displacement of the ball (i.e., penetration depth) at each cycle. These results are displayed in Fig. 5.1 and 5.2, respectively, and are the basis of the analysis in following sections. 
Table 5.1 Area-weighted average grain diameter, mechanical properties and roughness of 
the samples, obtained by EBSD, nanoindentation and WLI, respectively (with the standard 
deviation in brackets).   Ni-Ag-SnO2 Nicg Nifg Grain diameter (nm) 228 (7) 1436 (455) 353 (15) 
H (GPa) 4.5 (0.3) 2.6 (0.2) 4.7 (0.3) 
E (GPa) 136 (14) 143 (8) 153 (21) 
Rq (nm) 16 (7) 20 (6) 9 (1) 
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Fig. 5.1 Evolution of µ for the tests at F of (a) 5, (b) 10, (c) 20 and (d) 30 mN. 
 
Fig. 5.2 Mean normal displacement (i.e., penetration depth) of the sliding ball for the tests 
at F of (a) 5, (b) 10, (c) 20 and (d) 30 mN. 
 
Analysis of the dry-sliding friction and wear behaviour 
 
58 
 
5.3.1 Analysis of the wear tracks and subsurface microstructure Typical wear tracks for each type of sample tested are shown in Fig. 5.3 and 5.4. The rela-tively smooth worn surfaces, characterised by the absence of cracks, large detached parts or any other sign of delamination (all associated to adhesion), indicated a predominantly abrasive wear process, which produced quite similar features on the three systems under study. According to the wear debris produced and the behaviour of µ, Kayaba et al. classified this type of wear into four categories: cutting, flaking, wedging and ploughing [199]. Con-sidering the description given by them for each case, the absence of evident wear debris (the films were not cleaned after the tests); the formation of well-defined grooves, with ridges at both sides; and the practically constant values of µ (see Fig. 5.1) clearly indicated the occurrence of ploughing-type wear in the performed tests. For large loads (F), i.e., 20 and 30 mN, fragmented material pieces (microchips) could be noticed at side ridges (Fig. 5.4), which were sign of a certain degree of cutting wear. The ploughing of a hard abrasive body against a softer surface may cause the partial detachment of chips by cutting. The chip formation usually comes together with a heavy plastic deformation (both at ridges and un-der the groove) and changes in the microstructure of the near-surface layer [200]. This sug-gested also a shift towards a more brittle wear behaviour, caused by the local work-hard-ening of the films during sliding [198]. The formation of a brittle oxide tribolayer (discussed later in this section) could have also contributed to this. 
 
Fig. 5.3 SEM micrographs showing wear tracks from all the types of samples under study 
for the tests at (a) 20 and (b) 30 mN. The white rectangles show examples of dark spots 
corresponding to oxygen-rich tribolayers. 
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Fig. 5.4 SEM micrographs showing the groove and side ridges of wear tracks produced at 
F = 30 mN on (a) Ni-Ag-SnO2, (b) Nicg and (c) Nifg. The white rectangles show examples of 
dark spots corresponding to oxygen-rich tribolayers. 
In order to assess the magnitude of this possible shift towards a cutting-wear mode, the Zum Gahr’s cutting-efficiency parameter (fAB) was calculated. It is given by 
𝑓𝑓𝐴𝐴𝐴𝐴 = (𝐴𝐴𝐴𝐴 − 𝐴𝐴𝐴𝐴) 𝐴𝐴𝐴𝐴⁄ ,                                  (5.1) where AA and AB are the areas of the side ridges (above the surface) and the groove (below the surface), respectively, from a cross-section of a wear track, perpendicular to the sliding direction. It follows from this definition that ideal microploughing results in fab = 0 and ideal microcutting in fab = 1 [201]. The resulting fAB values from Eq. 5.1 are listed in Table 5.2, which were calculated from SEM images of several FIB cross-sections. WLI measurements could not be applied here for evaluating the whole wear track (instead of only a few cross-sectional cuts), since this technique is unable to detect the void gap between the side ridges and the underlying surface, artificially increasing AA. The very low values of fAB obtained (though with relatively large standard deviations due to local features) allowed disregard-ing the weight of the cutting component of wear.  
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Table 5.2 Zum Gahr’s cutting-efficiency parameter calculated for all the studied samples. 
The low values obtained indicate ploughing-type wear behaviour. Standard deviation val-
ues are listed in brackets.   Ni-Ag-SnO2 Nicg Nifg 
fAB 0.106 (0.104) 0.035 (0.029) 0.005 (0.009) 
  In the SEM micrographs of Fig. 5.3 and 5.4, regions with markedly different contrast at the worn surfaces suggested the formation of an oxide-containing tribolayer [198]. This was evaluated by means of EDS at the surface of the specimens and the results are displayed in Fig. 5.5. The oxygen concentration at the wear tracks was markedly higher than at the sur-rounding areas, implying that oxidative wear took place. A brittle oxide layer can form dur-ing wear, in air, of ductile metals, which in turn could mix mechanically with non-oxidised metal to form a nanocomposite [202]. For Ni-Ag-SnO2 and Nifg, the concentration of remain-ing oxygen reached a maximum after the tests at F = 20 mN and then decreased. This re-sulted from the increase in the rate of removal of the oxide scale relative to its rate of for-mation. This was not the case for the Nicg samples, since their softer nature allowed them to accommodate the increasing stresses with more deformation in the load direction, instead of shearing, thus lowering their oxide-removal rate. 
 
Fig. 5.5 Oxygen-content measured at the entire surface of the groove of the wear tracks by 
means of EDS. The values are normalised according to the oxygen-content measured at the 
unworn surrounding area (0 mN). The error bars are given by the standard deviation. 
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Flow patterns observed at the surface of the wear tracks were another sign of plastic defor-mation [202]. A usual analytical approach for determining the likelihood of plastic defor-mation is given by the evaluation of contact pressures. According to the Hertzian classical solution for the non-adhesive elastic contact between a sphere and a flat surface [203], the maximum contact pressure is given by 
𝑝𝑝𝑚𝑚𝑚𝑚𝑚𝑚 = ��6𝐹𝐹𝐸𝐸𝑟𝑟2� (𝜋𝜋3𝑅𝑅2)⁄ �1 3⁄ ,  (5.2) where Er is the reduced Young’s modulus [144] and R the radius of the sphere. The values of pmax from the present work are listed in Table 5.3. Even at the lowest F, pmax largely sur-passed the values of H from all the samples, corroborating the experimental observations of plastic deformation.  
Table 5.3 Maximum contact pressure according to the Hertzian elastic-contact model, cal-
culated for the investigated samples and experimental conditions.   pmax (GPa) 
F (mN) 5 10 20 30 Ni-Ag-SnO2 8.0 10.0 12.6 14.5 Nicg 8.2 10.3 13.0 14.9 Nifg 8.5 10.8 13.6 15.5 
  It can be observed in Fig 5.6 that also the subsurface microstructure of the films was affected during the wear tests. The softer Nicg displayed the most extended variation in grain mor-phology, reaching about 2 µm underneath the groove of the wear track. As discussed so far, the frictional energy of two bodies sliding against each other can be dissipated by plastic deformation, whose working mechanism is based on slip processes within grains, that shift crystal planes relative to each other, shearing plastically the material [204]. Another possi-bility is the dissipation of energy in form of heat. Under certain conditions, this could lead to a spread or local rise in the temperature at the near-surface. Such thing could in turn induce thermally activated phenomena such as dynamic recrystallization (highly relevant for tribology [205–210]) or creep. These effects could also account for the observed changes in the near-surface grain structure. For low-speed sliding, a low temperature and negligible thermal effects are normally as-sumed. However, signs of phase transformations (characteristic of high temperatures) can also be found in such experiments [211]. This could be explained by considering the flash 
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temperature, which is defined as the highest temperature which appears close to the areas of true contact (where energy is dissipated) [212–217]. It is normally expressed as the tem-perature difference with respect to the bulk, ΔTflash, which was evaluated for the present experiments by applying several models from different authors [217–220]. The results of this, listed in Table 5.4, showed that the increase in temperature during the tests was negli-gible, mostly as a consequence of the very low sliding speed. Accordingly, the resulting ho-mologous temperature of 0.17 disregards the possibility of activation of the mentioned tem-perature-dependent phenomena, since a value of at least 0.3 is required in the case of Ni [204,221]. However, fine microstructures possess a very high density of defects, which could in turn reduce considerably the dynamic recrystallization temperature. This is usually accompanied by pronounced variations in the evolution of µ, which was clearly not the case here. These observations suggest that plastic deformation was responsible for the micro-structural changes observed underneath the wear tracks. 
 
Fig. 5.6 FIB ion-channelling-contrast images from the cross-sections of wear tracks pro-
duced at F = 30 mN on (a) Ni-Ag-SnO2, (b) Nicg and (c) Nifg. In each case, a layer of plastically 
deformed grains is observed directly underneath the surface. 
The idea behind using several flash temperature models was to reduce the uncertainty given by their differing physical, dynamic and geometrical assumptions [211]. It should be also noted that such models tend to underestimate the temperature rise, since they do not incorporate several influential factors such as chemical effects, the evolution of mechanical properties during sliding and the variation of the thermal conductivity with temperature.  
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Table 5.4 Estimation of flash temperatures for the performed tests, expressed as the tem-
perature difference between the hot real-contact areas and the bulk, according to different 
models available in the literature [217–220].   Kuhlmann-W. Archard Holm Rabinowicz 
ΔTflash (K) 6.4 × 10-6 2.4 × 10-5 2.7 × 10-5 2.0 × 10-3 
  Moreover, many contact parameters  are usually neglected, such as the random roughness, size and shape of the real contact area as well as the geometry and thermal properties of wear particles [214]. In order to somehow compensate for this, the selected models were stress tested by inflating the involved parameters (e.g., thermal conductivity, contact area and µ) up to values way beyond what could be considered physically reasonable. That re-sulted in an increase in ΔTflash of up to some orders of magnitude but, in all cases, remaining under 1 K due the extremely low initial values. 
5.3.2 Analysis of the dynamic friction coefficient The study of the µ evolution curves (Fig. 5.1) revealed different patterns: (i) steady-state values were reached already after a short number of cycles, with no substantial variation along the whole duration of the tests; (ii) at low F (5 and 10 mN), the softer Nicg exhibited higher µ than the harder Nifg and Ni-Ag-SnO2 films; and (iii) a general dependence of µ on F for all the studied samples. The first pattern was already addressed in the previous section and was attributed to the observed ploughing-type abrasive wear. The largest material removal occurred already during the first cycle, achieving rapidly an almost steady-state surface condition, which was followed by a relatively low wear rate (even negligible for low F). This can be better under-stood by observing Fig. 5.2, which shows that a very large fraction of the total penetration depth (relatable to the wear volume) was reached upon contact during the initial cycle. This first cycle represented the run-in period, which is commonly defined as the transition dur-ing which the surface is plastically deformed into a steady-state condition and a stable wear rate is achieved. The second pattern is widely discussed in the literature and relates to the dependence of µ on H, which was the case for the tests at low F (5 and 10 mN). In metals, µ usually increases 
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with decreasing H. Softer surfaces are more prone to deform plastically and more suscepti-ble to adhesion, which in turn favours the formation of asperity junctions [52,222,223]. Larger grains are also associated to higher values of µ, but that is the result of the Hall-Petch effect by which they exhibit lower H [8]. However, at higher F (20 and 30 µm), Nicg displayed approximately the same µ (about 0.2) as the harder Nifg and Ni-Ag-SnO2. This behaviour resulted from the work hardening during the high plastic deformation of the first cycles (run-in stage), which hardened the surfaces and thus reduced their ductility [198,224]. Moreover, the higher oxygen content observed after the 20 and 30 mN tests (Fig. 5.5) could have also played a role. Oxide tribolayers are well-known for providing a lubricating effect due to their low shear strength and reduced ductility, which depends on different factors such as their thickness, cohesion and attachment to the underlying material [53,198,203,223,224]. However, Scharf et al. suggested that this would not be the case for NiO, but rather the opposite [225]. The third and final pattern was the dependence of µ on F for all samples, which is made clear in Fig. 5.7. Such behaviour contradicts the first of Amontons’ empirical laws of friction, which states that the friction force is directly proportional to F, resulting in µ being inde-pendent of it. These laws work very well for dry friction on the macroscopic scale but, nev-ertheless, such contradicting behaviour has been frequently observed in experiments. Sev-eral theoretical models have been developed to explain this. For experimental results simi-lar to those of the present work (decreasing µ at higher F), the earlier explanations relayed on recrystallization phenomena at higher loads [226] or on the gradual shift of surface as-perities from plastic to elastic deformation [227]. The model developed by Rigney and Hirth affirms that steady-state friction forces result from the plastic deformation of the near-sur-face region, with the confinement of most of the deformation work within cell-type struc-tures [228]. This theory is based on an earlier wear model from Rigney and Glaeser, accord-ing to which the ploughing of asperities produces high dislocation densities, leading to the formation of cells [229]. These cells consist of dislocation-free regions delimited by dense networks of entangled dislocations, which develop with increasing strain. The cell walls act as source and sink of dislocations which can freely travel through the cell’s core without affecting the microstructure. Depending on the strain rate, this would allow to accommo-date much larger strains than the cell-free structure. According to this friction model, a cell layer could not form at low F, resulting in higher friction forces. In view of the dimensions of the features observed in these experiments, which developed from the nano to the microscale, the identified dependence of µ on F can be more accurately 
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explained in terms of scale effects, which are well established in tribology [230–232]. The models from Bhushan and Nosonovsky incorporate the influence of scale effects to the pa-rameters which govern friction [230,233]. Based on the adhesion theory, these parameters are the real area and the shear strength of asperity contacts.  
 
Fig. 5.7 Steady-state µ from all the evaluated samples and test conditions, calculated by 
averaging the value from the last 50 cycles of each test. The error bars (almost negligible) 
are given by the standard deviation. A pronounced dependence of µ on F can be clearly ob-
served. 
The scale effect on the real area of contact is explained by means of the strain-gradient plas-ticity theory. According to it, the mechanical properties of materials can vary under the in-fluence of strain gradients, which are accommodated by geometrically-necessary disloca-tions [234,235]. Then, the smaller the size of an indentation, the larger is the strain gradient and likewise the dislocation density. This results in an increased H, which in turn reduces the area of contact. The scale effect on the shear strength of asperity contacts is given by a change in the oper-ating microslip mechanism for sliding. For contact sizes up to few µm, dislocation-assisted sliding is more energy profitable than the conventional mechanism of concurrent slip with simultaneous breaking of adhesive bonds [236,237]. Accordingly, due to a higher disloca-tion density at their interface, the shear strength of asperity contacts is reduced with respect to the bulk. Moreover, up to a certain point, the larger the area of contact, the higher the thickness of the interface zone from which dislocations can climb and assist in the microslip. Consequently, the average shear strength of asperity contacts increases with decreasing scale. 
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Then, according to the above-discussed scale-related phenomena, the behaviour of the fric-tion force is defined by the degree of variation of both the real area and shear strength of asperity contacts. From the different model variations of Bhushan and Nosonovsky, the multi-asperity plastic-contact situation is the one which best describes the contact charac-teristics of the present experiments. Depending on material parameters, it predicts an in-crease in µ with decreasing scale, which is in agreement with the findings of this work. 
5.3.3 Analysis and modelling of the wear volume The wear volume (W) is the amount of material removed due to wear during a tribological test, which is a parameter commonly used to quantify and compare the wear resistance of materials. In the present work, WLI was used for measuring W, which corresponded to the volume of the wear track’s groove. Special care must be taken when applying this technique, since image artefacts in form of jumps or spikes might distort the results. Such features were hardly present in the recorded surface profiles, thus having no real impact in the reliability of the measurements. Then, the resulting W values are displayed in Fig. 5.8. The composite exhibited a much higher wear resistance than Nicg, which was deposited using the exact same bath and deposition parameters as the composite’s matrix. This was evidenced by a significant reduction in W, which ranged between 52 and 74%. The reason behind this was the higher H of Ni-Ag-SnO2, since the similarly hard Nifg produced equivalent results. These findings, together with the fact that all the studied materials displayed the same type of fric-tion and wear behaviour, suggest that the effect of the Ag-SnO2 phase in the tribological re-sponse of the composite is given exclusively by the induced grain-boundary strengthening. Because of their low content, the Ag-coated SnO2 nanowires did not produce any qualitative changes in the friction and wear behaviour of the films. Moreover, any possible influence from the soft, lubricating nature known to Ag could have been neutralised by the high con-tact pressures involved, which might have led to the mechanical overstressing of the films. Back in the middle of the 20th century Archard established that for sliding wear 
𝑊𝑊 = 𝑘𝑘(𝐹𝐹𝐹𝐹 𝐻𝐻⁄ ),                     (5.3) where k is the wear coefficient (dimensionless) and x is the sliding distance [238,239]. The model of Eq. 5.3 can be analytically derived from both the adhesive and abrasive traditional wear mechanism theories. Since the time of its formulation, several variations and other new models have been developed [240,241]. Nevertheless, Archard’s original model has re-mained frequently used over the years for the qualitative and quantitative characterisation 
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of wear [222,242,243]. A typical application of Archard’s theory is the use of Eq. 5.3 for cal-culating k, which is a measure of the severity of wear. The values of k from the present ex-periments are listed in Table 5.5. In all cases was k ≥ 10-4, which corresponds to severe wear [223]. 
 
Fig. 5.8 W from all the evaluated samples and test conditions, obtained by means of WLI. 
The error bars are given by the standard deviation. 
Table 5.5 Evaluation of the parameter k from Archard’s model for the performed tests. In 
all cases, the values of k indicated the occurrence of severe wear (k ≥ 10-4).   k (× 10-4) 
F (mN) 5 10 20 30 Ni-Ag-SnO2 4.4 8.7 13.5 20.5 Nicg 9.9 11.6 19.3 25.2 Nifg 7.8 9.7 15.2 23.6 
  The parameter k is not a fixed material property. It relates W to a specific combination of F, 
x and H for a certain material and experimental setup [244]. Therefore, Eq. 5.3 cannot be used to predict the response to wear of a given tribosystem unless two of its three variables are fixed and k is known. By combining and processing all the collected data from the per-formed wear tests, an attempt was made to develop a numerical model of W based on Eq. 5.3, which could be able to describe the behaviour of the tribosystems under study and pro-vide valuable information for their analysis. The processing of the experimental data was partitioned into pure-Ni and composite samples, since different behaviours could be ex-pected from different type of materials, even when they possessed similar mechanical prop-erties. In order to obtain additional experimental data from Ni films, more samples were 
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produced with different grain sizes, resulting in also different H. This was achieved by using different concentrations of saccharin in the electroplating bath and through annealing. In the case of Ni-Ag-SnO2, larger grain sizes were obtained also by annealing. In all cases, the annealing treatments were performed as described in 3.1.4. The first step of the modelling process was to determine the relation between W and H. In view of their inverse proportionality expressed in Eq. 5.3, lineal functions of negative slope were proposed to describe their relationship. As observed in Fig. 5.9, an accurate fitting was obtained, leading to the following expression: 
𝑊𝑊 = 𝐴𝐴𝐻𝐻 + 𝐵𝐵,                                  (5.4) where A and B are the slope and intercept, respectively, of the linear fit functions. Since A and B clearly changed with the applied F, the next step was to quantify this dependence in order to incorporate the effect of F into the model. Fig. 5.10 shows the result of this process. Linear functions were used once again, since that would lead to the linear dependence of W on F described by Archard. Consequently, 
𝐴𝐴 =  𝑎𝑎1 + 𝑎𝑎2𝐹𝐹                           (5.5a) and 
𝐵𝐵 =  𝑏𝑏1 + 𝑏𝑏2𝐹𝐹,                           (5.5b) where ai and bi are the coefficients of the linear fit functions, whose values are listed in Table 5.6 for both types of materials. Then, Eq. 5.4 can be rewritten in terms of H and F, by using Eq. 5.5, as 
𝑊𝑊 = (𝑎𝑎1 + 𝑎𝑎2𝐹𝐹)𝐻𝐻 + 𝑏𝑏1 + 𝑏𝑏2𝐹𝐹.                  (5.6) The final step of the analysis was the incorporation of x into the model. According to the relevant ASTM norm, x = 2Lη [245], where L is the length of the wear track and η the total number of cycles of the test. Due to the unsteady nature of the wear rate, the incorporation of η into Eq. 5.6 would require the definition of new functions relating η to both ai and bi. Given the complexity of determining such threefold relationship and the lack of the required experimental data (i.e., several hundreds of repeats for different values of η), the modelling process was simplified by fixing η at 100, which was the value adopted in all the performed wear tests. Under this condition, it is reasonable to assume that varying L (100 µm for these experiments) would not affect the nature of Eq. 5.6, resulting only in W changing in the same 
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proportion. For instance, if L were to be doubled, it would be the same as performing two times the same test over different (but contiguous) areas, resulting in W being also doubled. For this to be certainly true, the sliding speed should not differ significantly from the one used in the analysed tests. Doing otherwise could result in a qualitative change in the tribo-logical behaviour of the materials. 
 
Fig. 5.9 Linear dependence of W on H for the (a) pure-Ni and (b) composite films. The error 
bars are given by the standard deviation. 
 
Fig. 5.10 Linear dependence on F of both the slope and intercept from Eq. 5.4 (A and B, 
respectively), which describes the linear relationship between W and H for (a) pure-Ni and 
(b) composite films. The error bars are given by the standard error in the calculation of A 
and B using the fit functions of Fig. 5.9. 
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Then, Eq. 5.6 was modified accordingly, obtaining the final version of the model: 
𝑊𝑊100 = [(𝑎𝑎1 + 𝑎𝑎2𝐹𝐹)𝐻𝐻 + 𝑏𝑏1 + 𝑏𝑏2𝐹𝐹](𝐿𝐿 100⁄ ),                        (5.7) where the subscript in W100 denotes the fixing of η at 100 and the right term (outside the square brackets) indicates the proportion of a chosen L to the reference value of 100 µm. In order to calculate the value of W100 in µm3 by using Eq. 5.7, the selected F, H and L must be computed in mN, GPa and µm, respectively, together with the values of ai and bi from Table 5.6. It should be also possible to apply this model for values of F and H outside the ranges used in the present experiments, as long as no qualitative change in the wear mode occurs (and thus neither in the observed tendencies). Fig. 5.11 shows the dependence of 
W100 on F and H according to Eq. 5.7. The average error of the model with respect to the experimental values showed a large discrepancy at F = 5 mN (92%), which gradually de-creased for higher values (20, 15 and 5% for 10, 20 and 30 mN, respectively). The reason behind this was the quite constant fluctuations of the measured W around the linear fit of the model, which had more weight for the smaller values of W. 
Table 5.6 Coefficients of the linear fit functions describing the relationships of A and B (from 
Eq. 5.4) with F, according to Eq. 5.5. 
  a1 a2 b1 b2 Ni-Ag-SnO2 15.6 -5.1 -126.8 33.0 Ni 19.2 -5.4 -149.6 36.9 
  As a concluding remark, even though 100 cycles may seem rather limited for most engineer-ing applications, the obtained results allowed extracting very clear information about up to which extent the analysed variables (namely H and F) affect the wear behaviour of the ana-lysed specimens (e.g., 𝜕𝜕𝑊𝑊 𝜕𝜕𝐹𝐹⁄  or 𝜕𝜕𝑊𝑊 𝜕𝜕𝐻𝐻⁄ ). This could be useful, for instance, for roughly determining a range of sustainable loads when targeting specific applications, especially when the same type of ploughing wear is likely to predominate. According to the curves of Fig. 5.2 and the characterisation of the wear track features presented earlier, the nature of the wear process did not change significantly for the different F applied, but it was the speed at which it took place what was mostly affected. Therefore, it would be reasonable to assume that, for the lower values of F, the observed behaviours or tendencies are likely to continue for a much larger number of cycles. In the case of higher F, the wear of some of the films proceeded so fast that a critical fraction of the original thickness was already compromised 
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after 100 or few more cycles, raising questions about the necessity or possible contribution of longer testing times. For a more thorough evaluation, the outcome of the above presented model should be complemented with the wear rate analysis which is developed in the fol-lowing sections. 
 
Fig. 5.11 Results from the W100 model of Eq. 5.7 for (a) pure-Ni and (b) Ni-Ag-SnO2 films. 
5.3.4 Modelling and evaluation of the wear rate Since wear rate normally changes throughout tribological experiments, its determination requires either evaluating its instantaneous value during the whole test or, at least, meas-uring it upon reaching a steady state after the run-in period. From the available experi-mental data, the most relevant variable which could be used for such analysis is the normal displacement of the ball (D), whose mean value at each cycle was known (as seen in Fig. 5.2). The basic concept behind this was that the deeper the ball ploughed, the higher the resulting W.  Then, the first step of this modelling process was to find mathematical expressions for the recorded D curves. Only the tests at 20 and 30 mN were considered, since at lower F most of the samples exhibited negligible wear after the first cycle (i.e., D remained practically constant afterwards, indicating a null wear rate). With each new cycle, the ploughing ball removed decreasing amounts of material. Since this was governed by the work hardening of the films, it was safe to assume that D behaved also according to this strengthening mech-anism. Given the nature of the involved stresses, the most relevant material property in this process was the shear strength. According to the von Mises yield criterion, the shear 
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strength is proportional to H, which in turn is proportional to the yield strength, as we know from Tabor’s work [192]. Consequently, proportionality could also be assumed for the shear and yield strengths, for which they should display similar behaviour patterns. Following this reasoning, a power-type function was used to fit the experimental data, resembling Hollo-mon’s work-hardening power law (see Eq. 4.3). Accordingly, 
𝐷𝐷 = 𝛼𝛼𝑁𝑁𝛽𝛽 ,                                 (5.8) where N is the cycle number (not to be confused with the total number or amount of cycles, 
η) and α and β are the parameters of the fit function. The resulting values of α and β for each type of sample and F under study are listed in Table 5.7. The average error of Eq. 5.8 with respect to the measured values was 0.8%, with an average R2 of 1.00 (ideal fit). Some exam-ples of the fitted curves are displayed in Fig. 5.12. 
Table 5.7 Parameters of the power functions used for fitting the experimental data con-
cerning the evolution of D during wear tests (Eq. 5.8).     Ni-Ag-SnO2   Nicg   Nifg 
F (mN)  20 30  20 30  20 30 
α  0.21 0.25  0.28 0.35  0.22 0.27 
β   0.17 0.24   0.22 0.27   0.16 0.24 
  
 
Fig. 5.12 Examples of (a) measured normal-displacement curves and (b) their respective 
fitting through simple power-type functions, which are given by Eq. 5.8.  
The next step in this analysis was to determine the connection between D and W. To that end, it was considered that the cross-section of a wear track should closely resemble the area of a circular segment from a circle of same radius as the ploughing ball. Accordingly, 
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the height of this circular segment would correspond to the maximum D. Then, assuming W to be equal to the volume of the groove of the wear track, this resulted in 
𝑊𝑊 = [(4𝐷𝐷2 3⁄ )(2𝑅𝑅 𝐷𝐷 − 0.605⁄ )0.5]𝐿𝐿.  (5.9) The term between square brackets is an approximation to the circular-segment area equa-tion, which is multiplied by L to obtain the desired volume. The use of said approximation allowed greatly simplifying following calculations at the expense of a negligible error with respect to the exact equation (within 0.02% for the values of D and R found in this work). Finally, the relation between the experimental measurements of W and D was fitted using Eq. 5.9, which is displayed in Fig. 5.13. By adopting a value of R of 5.8 µm (the real radius of the ball used), the fitting process returned an optimal value of L of 96.3 ± 1.4 µm. This was in close agreement with the nominal value of 100 µm from the experiments, thus validating the procedure and assumptions taken so far. Then, by incorporating Eq. 5.8, Eq. 5.9 could be rewritten as 
𝑊𝑊 = ��4𝛼𝛼2𝑁𝑁2𝛽𝛽 3⁄ ��2𝑅𝑅 �𝛼𝛼𝑁𝑁𝛽𝛽� − 0.605⁄ �0.5� 𝐿𝐿,     (5.10) 
which allows calculating W after N cycles. The average error of Eq. 5.10 with respect to the real values of W obtained by WLI was 3%. Considering that N = ft [245], being f and t the frequency and total time elapsed after N cycles, respectively, W could be expressed as a function of time: 
𝑊𝑊 = ��4𝛼𝛼2(𝑓𝑓𝑓𝑓)2𝛽𝛽 3⁄ ��2𝑅𝑅 �𝛼𝛼(𝑓𝑓𝑓𝑓)𝛽𝛽� − 0.605⁄ �0.5� 𝐿𝐿.      (5.11) 
Finally, the wear rate as a function of N or t was determined by accordingly differentiating Eq. 5.10 and 5.11, resulting in 
𝜕𝜕𝑊𝑊
𝜕𝜕𝑁𝑁
= 43 𝐿𝐿𝛼𝛼𝐿𝐿𝑁𝑁𝛽𝛽−1 �2𝛼𝛼𝑁𝑁𝛽𝛽 � 2𝑅𝑅𝛼𝛼𝑁𝑁𝛽𝛽 − 0.605�0.5 − 𝑅𝑅 � 2𝑅𝑅𝛼𝛼𝑁𝑁𝛽𝛽 − 0.605�−0.5� (5.12a) and 
𝜕𝜕𝑊𝑊
𝜕𝜕𝑓𝑓
= 43 𝐿𝐿𝛼𝛼𝐿𝐿𝑓𝑓𝛽𝛽𝑓𝑓𝛽𝛽−1 �2𝛼𝛼(𝑓𝑓𝑓𝑓)𝛽𝛽 � 2𝑅𝑅𝛼𝛼(𝑓𝑓𝑓𝑓)𝛽𝛽 − 0.605�0.5 − 𝑅𝑅 � 2𝑅𝑅𝛼𝛼(𝑓𝑓𝑓𝑓)𝛽𝛽 − 0.605�−0.5�. (5.12b) The curves described by Eq. 5.12a and 5.12b are shown in Fig. 5.14. In agreement with the behaviour of D observed in Fig. 5.2, the tests exhibited very high initial wear rates, which rapidly decreased until reaching almost constant or steady-state values. 
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Fig. 5.13 Correlation between W and maximum D (achieved at the end of the wear tests). A 
function analytically derived from the geometry of both the wear tracks and counter ball 
(Eq. 5.9) was found to properly describe this relationship. The error bars are given by the 
standard deviation. 
 
Fig. 5.14 Wear-rate curves of pure-Ni and composite films from the (a) 20 and (b) 30 mN 
tests, according to Eq. 5.12. The values beyond the 100th cycle (t > 1000 s) show the expected 
behaviour of the samples according to the model. 
Given the nature of the resulting function, the wear rate would asymptotically approach zero after enough time or cycles. In physical terms, this would indicate the transition from the plastic to the elastic regime. Such behaviour would result from the work-hardening of the films due to the recurrent sliding of the hard diamond ball, allowing the material to ac-commodate stresses with continuously decreasing plastic deformation. In real experiments, 
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the wear rate may not reach zero and instead stabilise in a higher value, if the work-hard-ening limit of the material were to be reached during the test. Again, the Ni-Ag-SnO2 showed a very superior wear resistance with respect to Nicg, with reductions of 65% and 54% in the wear rate by the end of the tests at 20 and 30 mN, respectively. 
5.3.4.1 Generalisation of the normal-displacement parameters α and β The wear rate formulas above presented could be expanded to describe more generally the behaviour of the evaluated tribosystems. In order to do that, the parameters α and β of Eq. 5.8, which depend on the involved material and F applied, need to be expressed in terms of those dependencies. Given that only the wear tests at 20 and 30 mN were considered in the modelling of the wear rate, the analysis of α and β was done separately and specifically for those two cases. Doing otherwise would require more experimental data at different F. The parameter α can be interpreted as the indentation depth of the first cycle, since N = 1 results in D = α. Therefore, α should be closely related to the H of the material and the F applied. The fraction of the counter ball penetrating the samples can be geometrically de-scribed as a spherical cap of height equal to D. Its surface area is given by 2πRD, which is a good approximation of the indenter-sample area of contact. Based on the definition of H, this contact area can also be expressed as F/H. By equating both expressions, it becomes clear that the initial D (i.e., α) is given by F/2πRH. Accordingly, the experimental data (α vs 
H) was fitted separately for each F with a rational function of H (αH) given by 
𝛼𝛼𝐻𝐻 = 𝑐𝑐1 𝐻𝐻 + 𝑐𝑐2⁄ ,                  (5.13) where c1 is a constant which incorporates de effects of F, R and the correction factor for using values of H obtained with a pyramidal indenter (Berkovich); and c2 compensates for the deviations which naturally arise from the simplifications of the model. The results of this are displayed in Fig. 5.15a. Being Eq. 5.8 a power law whose nature derives from the work hardening of the films, the exponent β could be considered to be analogous to the work-hardening exponent. Since β displayed only small fluctuations among films of the same type (see Fig. 5.15b), due to their similar work-hardening behaviour, it was estimated by averaging the values from each sam-ple of the same material (βm). The higher values of βm for larger F were the natural response to the increase in the strain rate. 
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The values of c1, c2 and βm for each F and type of material are listed in Table 5.8. Finally, a more general form of Eq. 5.12 can be derived for analysis by replacing α and β with αH and 
βm, respectively. The average errors of αH and βm with respect to the values of α and β found in Table 5.7 were 6 and 10%, respectively. 
 
Fig. 5.15 Analysis of the parameters (a) α and (b) β from the power-function approximation 
of D (Eq. 5.8). 
Table 5.8 Fitting parameters involved in the modelling of the wear rate, used for calculating 
αH and βm (the latter being a constant, which is listed in the table).   F (mN) c1 c2 βm Ni-Ag-SnO2 20 0.59 0.08 0.18 30 1.49 -0.09 0.21 Ni 20 0.44 0.10 0.19 30 0.61 0.12 0.25 
  
5.4 Conclusions The friction and wear behaviour of the Ni-Ag-SnO2 composite films was investigated, to-gether with two types of pure-Ni films (coarse and fine grained) for comparison and analy-sis purposes. The main results here obtained are summarised next. 
• In all cases, plastic contact during sliding resulted in ploughing-type abrasive wear, which was evidenced by well-defined grooves with ridges at both sides and by the ap-proximately constant µ during the tests. The formation of an oxide-containing tribolayer was confirmed by EDS (oxidative wear), whose composition depended on the F applied. 
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The wear tracks’ subsurface grain morphology was heavily modified as a result of plastic deformation, which took place in the absence of significant thermal effects (as suggested by the flash-temperature analysis). 
• At low F (5 and 10 mN) µ depended on H, assuming larger values for the softer films due to their higher susceptibility towards adhesion and the formation of asperity junctions. This effect was not observed at high F (20 and 30 mN), as a result of the work-hardening of the films. Moreover, a general dependence of µ on F was observed for each analysed sample. This was attributed to scale effects, which were explained by the strain-gradient plasticity theory and the change of the involved microslip mechanism. 
• The composite films exhibited an enhanced wear resistance with respect to the similarly deposited Ncg, evidenced by reductions in W (ranging between 52 and 74%) and wear rate (from 54 to 65% at the end of the tests). The increased H of the Ni-Ag-SnO2 was found to be responsible for this, since the similarly hard Nifg delivered similar results. This information, together with the fact that all films displayed the same type of friction and wear behaviour, led to conclude that the effect of the Ag-SnO2 phase in the tribolog-ical response of the composite was exclusively the increase in H through grain refine-ment. Probably due to the low SnO2-nanowires content, no other qualitative changes were detected. 
• Numerical models were developed which allowed analysing the W and wear rate of the studied samples. Regarding the latter, it was demonstrated that ploughing wear in such tribosystems can be accurately described by the geometry of the indenter in combination with traditional concepts related to the mechanical properties of the samples (like the power law of work hardening and the mathematical definition of H). 
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6 Analysis of the microstructural thermal stability 
6.1 Introduction Nanocrystalline and ultrafine-grained Ni-based films and coatings are widely used in a broad variety of applications due to their high mechanical strength and remarkable wear and corrosion resistance [5,33,34]. However, due to a remarkably large volume-fraction of intercrystalline components (mostly grain boundaries), they possess a large excess of free energy, which results in a metastable microstructure. Then, upon exposure to relatively low temperatures, they might experiment several changes such as grain growth, texture devel-opment and phase transformations, which might severely degrade their properties [246–250]. For instance, some authors reported observing the first signs of instability in nano-crystalline Ni films even at temperatures as low as 80 °C [247,251]. These problems may arise not only in applications at hot environments but also at ambient conditions. An exam-ple of this is given by tribological systems, where friction during high-speed sliding may increase the temperature locally at asperity junctions, leading to dynamic recrystallization [209,213,252]. Another case is that of electrical contacts and other microelectronic compo-nents, where Joule heating, fretting and the action of electrical arcs may also affect their reliability due to thermal effects [253,254]. The electrodeposition technique offers mainly two possibilities for enhancing the thermal stability of several metals. One method involves the use of organic additives in the electro-lyte bath, resulting in the incorporation of certain chemical species into the deposits. These impurities segregate into grain boundaries upon heating, exerting a drag force that hinders their mobility. The other approach involves the co-deposition of secondary elements or in-ert particles, resulting in the formation of alloys and metal-matrix composites, respectively [32]. The alloying elements and reinforcing phases exert a pinning force on migrating grain boundaries and act as nucleation sites, which limits grain growth both during deposition and thermal activation. However, the effectiveness of these methods in preventing ther-mally induced transformations is often quite limited. Concerning the Ni-Ag-SnO2 composite under evaluation, both the high thermal stability of SnO2 and the non-miscibility of Ag with Ni [9] are expected to play an essential role in its thermal behaviour. For instance, upon heating, the Ag-coated nanowires may act as sup-porting backbone for the matrix and hinder the movement of its grain boundaries, as it was 
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the case during the deposition process. Moreover, no phase transformation is thermody-namically favoured.  In view of these considerations, the purpose of the work described in this chapter was to assess the microstructural thermal stability of Ni-Ag-SnO2 and gain an understanding of how this is influenced by its constituent phases. To that end, different an-nealing treatments were performed on the samples, and the resulting transformations were investigated by means of XRD and EBSD-assisted SEM. As in previous chapters, two sets of pure-Ni films were also studied for analysis and comparison purposes: (i) one which was deposited using exactly the same bath and experimental parameters as for the Ni-Ag-SnO2 and (ii) another whose grain size was refined to match that of the composite’s matrix.  
6.2 Experimental details The Ni-Ag-SnO2 composite films were produced as described in 3.1, with the only exception that about 1 µm of excess Ni (Ag-SnO2-free volume) was purposely left on top. This was done in order to be able to compare, within each sample, the behaviour of both the reinforced and unreinforced regions. Additionally, two sets of pure Ni films were used for comparison and analysis purposes, denominated coarse-grained (Nicg) and fine-grained (Nifg) Ni. They were deposited using the same bath and experimental parameters as for the composite’s matrix, with the only addition of the grain refiner saccharin (< 0.1 g/l) in the case of Nifg, in order to obtain a grain size similar to that of the composite’s matrix.  Isothermal annealing treatments were conducted at 300 and 500 °C for 10 h according to 3.1.4. In-situ XRD measurements were carried out during non-isothermal annealing (up to 600 °C) as described in 3.2.6. 
6.3 Results and discussion 
6.3.1 Microstructural features of the as-deposited films The grain morphology of the as-deposited samples can be observed in Fig. 6.1, both from the cross-section and surface of the films. The composite presented a fine-grained micro-structure which resulted from grain growth stagnation due to the pinning force exerted by the Ag-SnO2 during the electrodeposition of the Ni matrix. Such refining becomes evident when attending to the microstructure of Nicg which, having been deposited using exactly the same bath and parameters, exhibited much larger grains with a clear columnar structure. 
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In the case of Nifg, the addition of saccharin into the electrolyte resulted in a finer and slightly elongated grain morphology. 
 
Fig. 6.1  FIB ion-channelling-contrast images together with inverse pole figure maps (rec-
orded at the cross-section and at the surface, respectively) from as-deposited (a) Ni-Ag-
SnO2, (b) Nicg and (c) Nifg films. 
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The inverse pole figure maps of Fig. 6.1 suggest an absence of apparent texture in the Ni-Ag-SnO2 films. As for the pure-Ni samples, their {100}-planes laid parallel to the surface. The 
pole figures of Fig. 6.2 certainly confirmed this, showing very strong and well defined 〈100〉 fibre texture in the case of pure-Ni samples. As for the composite, no preferential orientation was detected for any of the main crystallographic plane families. The mechanisms respon-sible for the observed grain morphologies and orientations have been already described in 4.3.1. 
 
Fig. 6.2 Pole figures of as-deposited (a) Ni-Ag-SnO2, (b) Nicg and (c) Nifg. The random crys-
tallographic orientation of the composite contrasts with the 〈100〉 fibre texture of the pure-
Ni films. 
The grain size distributions of the samples can be observed in Fig. 6.3. A distinction was made for the composite regarding its reinforced (Ag-SnO2-rich) and unreinforced (pure Ni) regions. For the former, the grain size was measured by EBSD on the corresponding area of the cross-section of the film while, for the latter, on the surface (like for the pure-Ni sam-ples). If allowed, the grains of the unreinforced region would continue to grow, uncon-strained, with the thickness of the film. The grain size distributions of Ni-Ag-SnO2 and Nifg were accurately fitted with the lognormal function, which is typically applied in the case of 
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bulk systems with normal grain growth, or films whose grain size is small in relation to their thickness. However, in the case of columnar grains whose length is similar to the film thick-ness, deviations may occur [255]. This was the case for Nicg, whose wide grain size distribu-tion showed good fitting to a bimodal function composed of two closely lying lognormal peaks. It should be also noted that, for Nicg, the considered grain diameters corresponded to the lateral dimension of its columnar grains (measured by EBSD on the surface). 
 
Fig. 6.3 Grain size distribution of the as-deposited (a) Ni-Ag-SnO2, (b) Nicg and (c) Nifg films, 
showing the coefficient of determination, mean value and standard deviation of the fit func-
tions. 
6.3.2 Analysis of the thermal stability by means of different annealing treat-
ments Microstructures with high density of defects, such as those resulting from heavy defor-mation (dislocation-rich) or grain refinement (grain-boundary-rich), are thermodynami-cally unstable. Thus, upon annealing, they undergo complex changes leading to the reduc-tion of their large excess of Gibbs free energy. This process is generally recognised to be divided into three stages, namely recovery, recrystallization and grain growth. The first is characterised by the annihilation of dislocations through the formation and growth of sub-grains, driven by the reduction of strain energy. During recrystallization, the heterogeneous formation of new, strain-free grains takes place, which grow by migration of high-angle grain boundaries, accompanied by a change in texture. Here, the driving force is the release of the remaining strain energy and, in the case of films, the minimisation of surface and in-terface energies. In this context, the concept of grain nucleation does not carry its traditional signification, being it that a previously non-existent structure forms. Instead, grains develop from recovered regions, cells or subgrains, which act as nuclei. Finally, grain growth consists 
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in the coarsening of the microstructure, where free energy is further released by the reduc-tion of grain-boundary area. Not only it is possible for these stages to overlap, but they can also occur discontinuously or uniformly throughout the microstructure [256]. Retarding and pinning forces may affect the mobility of grain boundaries and so the normal development of the above-mentioned processes, resulting in an increased thermal stability of the material. Said forces may originate from the presence of secondary-phase particles, solutes, triple junctions and surface effects. Great efforts have been placed in the development of analytical and physical models, aimed to explain and predict the behaviour of annealing-related phenomena. These are thoroughly discussed in the review papers from Rollet [257] and Humphreys [258]. However, the ap-plicability of such models is very restricted, given the substantial limitations of the current understanding of the involved physical metallurgy processes. The annealing behaviour of the samples under study is analysed in the following sections, attending to the relevant aforementioned elements. In order to do that, different types of annealing treatments were carried out, each of them providing different valuable infor-mation on these topics. 
6.3.2.1 In-situ XRD analysis during non-isothermal annealing High-temperature XRD was employed for the qualitative analysis of the microstructure evo-lution during non-isothermal annealing, regarding grain (or rather crystallite) growth and texture. In this analysis, Nicg and Nifg are indistinctly treated and regarded simply as Ni films, since no significant qualitative difference was observed in the nature of their behaviour.  It is well established that XRD peak widths are inversely proportional to crystallite size. Based on this principle, the methods from Scherrer, Williamson-Hall and Warren-Averbach [259,260] are typically used in the literature for reporting the grain size of polycrystalline materials (mostly nanocrystalline). However, what it is actually being reported is some-times a matter of confusion. XRD methods based on peak broadening allow estimating the size of crystallites, which are the fundamental monocrystalline coherent domains. Their di-mension and the grain size measured by other complementary techniques (such as TEM) show agreement only in the case of very fine grains, with sizes up to about 60 nm [261]. For coarser microstructures, as in the case of the films here studied, grains constitute agglom-erates of these crystallites. It is normally accepted that grains are delimited by high-angle 
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grain boundaries (≥ 15° in the present EBSD measurements). Therefore, crystallites could be roughly considered as subgrains, being delimited by low-angle grain boundaries. More-over, the results from these XRD-based methods should be interpreted as a lower bound on the crystallite size, since a variety of other factors (not always considered in the analysis) can contribute to peak broadening. These include the instrumental peak profile, mi-crostrains, non-uniform lattice distortions, faulting, dislocations and antiphase domain boundaries [262]. Considering the range of grain sizes of the studied samples and the limitations of the tech-nique, the onset and development of microstructure coarsening were analysed only at a qualitatively. This was performed by following the evolution over temperature of the recip-rocal of the full width at half maximum (FWHM) of the main XRD peaks. The results of this are presented in Fig. 6.4. When considering the curves of Ni, from both the pure-Ni and com-posite films, three stages could be recognised. The first one started with null growth at room temperature, showing the first signs of instability at around 100 °C which were followed by slow changes up to 250 °C. The second stage corresponded to the fast growth observed be-tween 250 and 350 °C. Finally, the third stage was characterised by a deceleration and most likely stagnation from 350 °C onwards. 
Even in the absence of previous cold work, the first stage can be understood as a recovery process. Here, the subgrain structure developed and coarsened, and the relaxation of the 
 
Fig. 6.4 Analysis of the onset and development of microstructure coarsening, which was 
performed by following in-situ the evolution of the FWHM-1 of the main XRD peaks during 
non-isothermal annealing. 
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microstructure took place. This resulted from the annihilation of defects and the release of microstrains. Electrodeposits can be heavily stressed due to their relatively high density of defects, such as impurities, porosity and grain boundaries. These shift atoms locally from their natural positions, increasing the strain energy. Moreover, films tightly bonded to a substrate might develop thermal strains when cooled from the deposition temperature to ambient conditions. These thermal strains arise from differences in thermal expansion and is given by (𝛼𝛼𝐿𝐿𝐿𝐿 − 𝛼𝛼𝐿𝐿𝐿𝐿)Δ𝑇𝑇, where αLF and αLS are the linear thermal expansion coefficients of the film and the substrate, respectively, and ΔT the change in temperature. The values of 
α for the as-deposited films are listed in Table 6.1. Considering the relatively small varia-tions in αL among contacting pairs (Ni/steel for pure-Ni films; Ni/Ag and Ag/SnO2 for the composite) and the low deposition temperatures (ΔT = 20 °C for Ni electrodeposits and 
ΔT = 0 °C for electroless Ag), the build-up of large thermal strains could be disregarded. The observed behaviours of the films during this first stage of the experiment were in agreement with other works’ findings on the thermal stability of nanocrystalline Ni electrodeposits, which reported the first appearance of fluctuations at around 100 °C and low to negligible growth up to 200 °C [247,251,263,264]. 
Table 6.1 Linear thermal expansion coefficients of the materials under study. 
αL at 25 °C (10-6 × K-1) Ni Ag SnO2 AISI 316L 13 19 4 16 
  Starting at 250 °C, the second stage was characterised by much faster kinetics. This signal-ised the initiation of rapid grain growth, which developed by migration of high-angle grain boundaries. Temperatures close to 250 °C are typically identified for Ni as the onset of grain growth, which proceeds abnormally up to about 300 °C and normally afterwards [247,251,263–265]. Beginning at about 350 °C, the third and last stage showed the stabilisation of the FWHM-1. This indicated in part the stagnation of grain growth and microstructure development, with the completion of a new, more stable configuration. However, this information must be pru-dently judged, since XRD methods are able to measure crystallite sizes up to approximately 150 nm only. Usually from 100 nm onwards, the broadening of XRD peaks starts to fall be-low the device resolution and is mostly given by the instrumental peak profile. 
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Concerning the thin Ag deposits covering the SnO2 nanowires in the composite, a quite dis-tinct behaviour was observed. The FWHM-1 evolved in a rather regular manner along the entire temperature range, showing a very limited growth in comparison to Ni. This would be usually unexpected, given the much lower melting point of Ag (962 vs 1455 °C). The rea-son behind this was that the Ag grains were mostly surrounded by the others from different phases (Ni at one side and SnO2 at the opposite). This resulted in strong pinning forces, which impeded the normal development of growth kinetics. However Ni grains were mostly surrounded by others of the same kind, which facilitated boundary migration. The second part in the XRD analysis of the annealing behaviour of the films dealt with the evolution of texture, which was evaluated by means of the relative texture coefficient (RTC) [147,160,266]. It was calculated for the (hkl) diffraction peaks associated to the main crys-tallographic orientations in FCC metals as 
𝑅𝑅𝑇𝑇𝑅𝑅(ℎ𝑘𝑘𝑘𝑘) = 𝐼𝐼(ℎ𝑘𝑘𝑘𝑘)
𝐼𝐼0(ℎ𝑘𝑘𝑘𝑘) � 1𝑁𝑁𝑅𝑅� 𝐼𝐼(ℎ𝑘𝑘𝑘𝑘)𝐼𝐼0(ℎ𝑘𝑘𝑘𝑘)�−1, (6.1) where I(hkl) and I0(hkl) are the integrated intensities of the (hkl) reflections produced by the films and a standard powder sample, respectively, being NR the total number of reflec-tions used. The RTC evolution of the Ni phase from both the pure-Ni and composite films is displayed in Fig. 6.5. As observed during the characterisation of the as-deposited films, the pure-Ni samples ex-
hibited a very strong 〈100〉 texture, which gradually evolved into 〈111〉. The texture was 
stable up to 250 °C and then rapidly changed until the 〈111〉 became dominant (at 450 °C), slowing down from there onwards. These results supported those from the FWHM analysis, which revealed the onset of growth to be at 250 °C. Moreover, the RTC evolution showed close agreement with the three stages of growth previously described. This indicated that growth stagnation was the reason behind the deceleration during the third stage, rather than the limitations of the XRD technique. In the case of the composite films, their random orientation remained unaltered during the whole treatment (which will be later explained), demonstrating superb thermal stability. Different mechanisms may operate, which favour (or inhibit) the growth of grains of specific orientations, resulting in the development of texture in films. These are thoroughly dis-cussed in the following section. 
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Fig. 6.5 Texture evolution of (a) pure-Ni and (b) composite films, evaluated in-situ during 
non-isothermal annealing by means of the RTC. 
6.3.2.2 Microstructure characterisation after isothermal annealing at elevated tem-
perature By annealing at a sufficiently high temperature, homogeneous microstructural transfor-mations are promoted. If the treatment’s duration is long enough, a new, stable or steady-state microstructure may be achieved. This was performed on the studied films by isother-mal annealing at 500 °C for 10 h. According to the XRD results and previous experimenta-tion, such temperature and length would allow producing the desired new, stable configu-rations. The comparison of the specific features of the annealed and as-deposited states could be used as a benchmark of the thermal stability of the investigated materials, provid-ing also an understanding of the mechanisms driving the involved processes. The kinetics of recrystallization and growth under isothermal conditions can be described by two complementary models. The first one is given by the Johnson-Mehl-Avrami-Kolmo-gorov equation (JMAK), which expresses the fraction of transformed material (i.e., the de-gree of completion of the transformation). It is given by 1 − 𝑒𝑒𝐹𝐹𝑝𝑝(−𝑅𝑅𝜏𝜏𝑟𝑟), where C and r are constants associated to nucleation/growth rates and morphology, respectively; and τ is the elapsed time [267–269]. The second model is the power law which describes normal growth (homogeneous transformation). It is given by 𝑑𝑑𝑓𝑓𝑚𝑚 − 𝑑𝑑0𝑚𝑚 = 𝜅𝜅𝜏𝜏, where d0 and df are the ini-tial and final average grain radius, respectively; m is the grain growth exponent; and κ is a constant which depends on the activation energy for boundary mobility and temperature 
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[256]. The theoretical value of m is 2, but it is only rarely found experimentally (it usually 
adopts larger values ≤ 7) [247,256,270]. Proceeding with the experimental results, the grain morphology of the annealed samples is displayed in Fig. 6.6, both from the cross-section and surface of the films. The inverse pole figure maps show relatively regular grain structures in all cases, with no evidence of abnor-mal grains being present. This supports the assumption of normal/homogeneous growth dominating the process, which could be expected from the high temperature applied. At both types of pure-Ni films, the original 〈100〉 fibre texture was replaced by a 〈111〉 orien-tation. In the case of Nicg, the analysis of the cross-section revealed that a fully columnar structure developed, mostly with wide grains extending from the substrate up to the surface. Such morphology is to be expected from the stagnation of normal-growth in films, where the av-erage grain diameter might amount to 2-4 times the film thickness [255]. Being Nicg a single-phase material and having higher purity than Nifg (since no additives were present in its deposition bath), its microstructural evolution should have been the one following most closely the JMAK normal-growth kinetics from all the investigated films (with m not too far from 2). The formation of the columnar structure (i.e., grain boundaries running perpendic-ular to the surface) was the result of grain-boundary energy minimisation. Moreover, the stagnation of the lateral growth of the grains was associated to a drag force or pinning mech-anism. Mullins proposed that such behaviour is a consequence of the formation of thermal grooves on the surface (at grain-boundary intersections), which act as a barrier for grain-boundary migration [271,272]. Thermal grooves result from the balance of surface and grain-boundary tensions at their junction, which is compatible with the perpendicular ori-entation of grain boundaries. The Nifg films displayed also a homogeneous transformation. However, their microstructure could not develop a columnar morphology and its growth stagnated at a much smaller av-erage grain size. Since the only difference in the fabrication of Nifg with respect to Nicg was the addition of saccharin in the electroplating bath, the different behaviour could be at-tributed to a relatively high concentration of sulfur (from the grain refiner) in the deposits [246,247,251]. With negligible solubility in Ni, it segregates and accumulates on grain boundaries upon annealing, impeding their motion and thus increasing the thermal stability of the film. This effect is known as solute drag and its action is physically described by the models of Cahn [273] and Lücke and Stüwe [274].  
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In the case of the Ni-Ag-SnO2 films, a very distinct behaviour was observed between the unreinforced and reinforced regions. The unreinforced area displayed a similar structure to that of Nicg, with large columnar grains running from the top of the reinforced region up to 
 
Fig. 6.6 FIB ion-channelling-contrast images together with inverse pole figure maps (rec-
orded at the cross-section and at the surface, respectively) from (a) Ni-Ag-SnO2, (b) Nicg and 
(c) Nifg films isothermally annealed at 500 °C for 10 h. 
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the surface. On the other hand, the reinforced part exhibited a much finer microstructure, product of the pinning of grain boundaries of the Ni matrix by the secondary phases (Ag-SnO2). The interface between a matrix and its reinforcement can be considered equivalent to a reduction in grain-boundary area. This means a reduction in free energy or, from an-other point of view, that an extra amount of energy is required for removing the obstacle to grain-boundary motion. According to Zener, this energy is proportional to the grain-bound-ary tension and the size of the pinning structures [152]. The EBSD maps from the cross-section of the composite (Fig. 6.7) allow discerning much more clearly the difference in the grain structure between both its regions. 
 
Fig. 6.7 FIB ion-channelling-contrast images together with inverse pole figure maps (rec-
orded at the cross-section and at the surface, respectively) from (a) Ni-Ag-SnO2, (b) Nicg and 
(c) Nifg films isothermally annealed at 500 °C for 10 h. The grain size distributions of the films are displayed in Fig. 6.8. Like in their as-deposited states, the annealed samples showed good fitting with the lognormal function (bimodal again in the case of Nicg). For all the pure-Ni samples (including the unreinforced part of the composite), increments in the average grain size of about 300% were observed. On the other hand, the reinforced region of the Ni-Ag-SnO2 films exhibited an increase of only 70%, what gives a quantitative measure of its enhanced thermal stability. This would most likely result in a strong reduction in the degradation of its mechanical properties, such as yield strength and hardness, which in turn play a major role in the tribological behaviour. 
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Fig. 6.8 Grain size distribution of (a) Ni-Ag-SnO2, (b) Nicg and (c) Nifg films after isothermal 
annealing at 500 °C for 10 h, showing the coefficient of determination, mean value and 
standard deviation of the fit functions. 
During recrystallization and growth, the texture evolves driven by different sort of mecha-nisms. The many possible outcomes depend mostly on the characteristics of the original microstructure and the available sources of Gibb’s free energy. In the case of films, two com-peting mechanisms are commonly regarded as responsible for the preferential growth of grains with specific orientations. The first one corresponds with the minimisation of surface and interface (film-substrate) energy. For FCC metals, the development of grains with their {111} planes parallel to the surface is favoured, since those are the most densely packed. This results in a reduction of the dangling-bonds density at the surface, thus reducing its energy [255]. This mechanism gains more relevance with decreasing film thickness, due to a larger surface-to-volume ratio. The second mechanism is strain energy minimisation. Nanocrystalline and ultrafine-grained metals usually display a relatively high yield strength and, therefore, are able to accommodate large strains elastically. Due to their attachment to much thicker substrates, these strains are normally biaxial in nature and thus the strain energy density is directly proportional to the biaxial elastic modulus [275]. Most of FCC metals exhibit anisotropy ra-tios 2𝑅𝑅44 (𝑅𝑅11 − 𝑅𝑅12)⁄  > 1 (2.4 for Ni when applying the stiffness constants Cij found in [276]), what results in their biaxial moduli assuming minimum values for grains with {100} planes oriented parallel to the surface [277]. The growth of grains with this orientation is therefore favoured, since they minimise strain energy. If the strains were large enough for yielding to occur, they could be accommodated by plastic deformation and thus, the growth of low-yield-strength grains could be favoured. For FCC metals, the grains with {110} orien-tation possess the lowest yield strength, what makes possible for them to dominate growth in highly strained films. 
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In view of the above discussed mechanisms, the recrystallization textures of the annealed films were analysed with the help of the pole figures displayed in Fig. 6.9. In agreement with the results from the XRD measurements, Nicg evolved towards a strong 〈111〉 fibre texture, evidencing that surface energy minimisation governed its recrystallization and growth pro-cess. In the case of Nifg, a 〈111〉 and 〈100〉 double fibre texture was observed. Similar results were reported by Klement et al. for the annealing of nanocrystalline Ni films [251,278]. 
Again, the 〈111〉 component of the texture derived from surface energy minimisation, while 
the 〈100〉 was likely the result of strain energy minimization. The use of saccharin as grain refiner favours the co-deposition of impurities and solute atoms, which might strain the de-posits. If these strains were large enough, the drive for reducing its associated energy could become predominant for a relevant amount of grains. Moreover, the sulfur segregated at grain boundaries would exert a drag force which could have hindered the development of some nuclei with {111} orientation. This would allow some of the original {100} grains to avoid being consumed and, ultimately, disappear. The composite films retained their random orientation after annealing. This absence of tex-ture was attributed to two reasons. First, as it was mentioned for Nifg, a limited grain and subgrain-boundary mobility. This resulted from the pinning effect exerted by the Ag-SnO2 phase. The second reason was the drive for minimisation of interface energy. In the case of the pure-Ni films, the surface area was equal to the film-substrate interface area. However for the composite, the interface was evidently much larger, which resulted from the high surface-to-volume ratio of the nanowire array.  The Ag-coated nanowires completely cov-ered the steel substrate and extended towards the surface in all directions, bending along the way. Even when the development of {111}-oriented grains were to be favoured by in-terface energy minimisation, their orientation with respect to the surface would be random, since it would be dictated by the also random spatial directions along which the nanowires grew (each acting locally as substrate). The above-described mechanisms could properly explain the results from the EBSD meas-urements. Then, again, not only in terms of grain size but now also regarding texture, the Ni-Ag-SnO2 films showed an enhanced thermal stability with respect to the pure-Ni samples. 
Analysis of the microstructural thermal stability 
 
93 
 
 
Fig. 6.9 Pole figures of (a) Ni-Ag-SnO2, (b) Nicg and (c) Nifg after isothermal annealing at 
500 °C for 10 h. The composite retained its random crystallographic orientation, while the 
Ni samples evolved from a 〈100〉 to a 〈111〉 fibre texture due to surface energy minimisation. 
Two alternative mechanisms have been proposed for explaining the formation of strong re-crystallization textures from the perspective of nucleation and growth. These are the ori-ented nucleation and oriented growth models [279,280]. The oriented nucleation model claims that the grains of the favoured orientation nucleate more frequently than the others. Alternatively, the oriented growth model states that nuclei of all orientations are equally present in the original or recovered microstructure, but those of the favoured orientation are able to grow faster. As already mentioned, nucleation in this context must be understood as the development of grains from recovered regions, cells or subgrains, which act as nuclei. In order to determine which mechanism governed the recrystallization of the investigated films, a straightforward method based on EBSD data was applied [280]. Oriented nucleation dictates that the frequency of nucleation of the texture orientation (fT) surpasses the frequency expected in the case of random nucleation (fR). Allowing for an an-gular deviation of 20°, 𝑓𝑓𝑅𝑅 = 0.047 [280,281]. The value of fT was calculated from EBSD data, by dividing the number of grains exhibiting the preferred orientation (applying the same 
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20° tolerance) by the total number of grains. Then, if 𝑓𝑓𝑇𝑇 𝑓𝑓𝑅𝑅 ≫ 1⁄ , oriented nucleation was likely the dominant mechanism. Oriented growth requires that grains with texture orientation were larger than those ran-domly oriented. That is to say, oriented growth would have taken place if 𝑑𝑑𝑇𝑇 𝑑𝑑𝑅𝑅⁄ ≫ 1, where 
dT and dR are the average diameter of the grains with the preferred and random orientation, respectively. The results of this analysis are listed in Table 6.2. The higher values of 𝑓𝑓𝑇𝑇 𝑓𝑓𝑅𝑅⁄  (always much larger than 1) with respect to those of 𝑑𝑑𝑇𝑇 𝑑𝑑𝑅𝑅⁄  (close to 1) indicate that oriented nucleation took place during the present experiments. That is equivalent to say that the majority of nuclei possessed the texture orientation and grew approximately at the same rate as the minority with different orientation. 
Table 6.2 Results of the oriented nucleation vs oriented growth analysis.     fT/fR   dT/dR    (001) (101) (111)  (001) (101) (111) Ni-Ag-SnO2  3.73 8.21 5.31  0.97 0.99 0.99 Nicg  - - 9.21  - - 1.73 Nifg   5.84 - 8.93   0.92 - 1.09 
 
 
6.3.2.3 Abnormal growth at the onset temperature of grain growth During abnormal growth, few grains grow excessively by consuming their smaller neigh-bours. The result of this inhomogeneous evolution is a microstructure composed of very large grains surrounded by a matrix of finer ones, having a bimodal grain-size distribution. Such a process might take place when there exist large differences in boundary mobility among grains. These could be given by an inhomogeneous grain-boundary drag  (by sec-ondary phases, impurities or solutes) or orientation-specific driving forces which favour the growth of subpopulations of grains [256,277]. According to Hiller, abnormal growth may appear in materials with wide grain size distributions, where some grains with much larger size than the average are unstable and grow consuming the others abnormally [282]. Several works report the occurrence of abnormal growth at Ni films when annealing at tem-peratures up to around 300 °C [246,251,265,283]. In those cases, due to the relatively low temperatures, only few grains may be able to overcome their energy barrier for growth. In 
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order to evaluate this for the films under study, several samples were isothermally annealed at 300 °C for 10 h. Their resulting grain morphologies are displayed in the inverse pole fig-ure maps of Fig. 6.10. Nifg showed the clearest case of abnormal growth, where few, large {111} grains (favoured by surface energy minimisation) ended up surrounded by the origi-nal {100}-oriented ones. Something similar occurred with Nicg, but in this case, the abnormal grains seemed to have further developed and left behind a smaller fraction of the original microstructure. Such a difference was a consequence of the solute drag force experienced by the grain boundaries of Nifg, which was discussed in previous sections. 
 
Fig. 6.10 Inverse pole figure maps of (a) Ni-Ag-SnO2, (b) Nicg and (c) Nifg after isothermal 
annealing at 300 °C for 10 h. An abnormal grain growth behaviour is evident in the case of 
the pure-Ni films. 
The behaviour of the Ni-Ag-SnO2 composite was not as evident as that of pure-Ni samples, since its random orientation did not allow discerning between original and developed grains. Then, in an attempt to determine if abnormal growth took place, its grain size distri-bution was analysed (Fig. 6.11). In view of the unimodal, lognormal nature of the experi-mental data, it could be concluded that the growth process was characterised by a homoge-neous transformation. This was the case since no specific orientation was favoured, result-ing in a balanced driving force for growth among grains.     
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Fig. 6.11 Grain size distribution of Ni-Ag-SnO2 after isothermal annealing at 300 °C for 10 h. 
The unimodal, lognormal nature of the experimental data suggests that a normal growth 
process took place. 
6.4 Conclusions The thermal stability of the Ni-Ag-SnO2 composite was evaluated by analysing the micro-structure evolution during and after different annealing treatments. Two types of pure-Ni films (coarse and fine-grained) were also studied for comparison and analysis purposes. The main results are summarised next. 
• The microstructure evolution of both pure-Ni and composite films exhibited similar be-haviour during non-isothermal annealing: slow kinetics from 100 to 250 °C, then a fast growth up to 350 °C and finally a deceleration and most likely stagnation from there on-wards. 
• Both pure-Ni films changed from a 〈100〉 to a 〈111〉 fibre texture during both non-iso-thermal and isothermal annealing (the latter at 500 °C), driven by surface energy mini-misation. The Ni-Ag-SnO2 retained its random orientation, showing better thermal sta-bility in this aspect. This resulted from the minimisation of interface energy in combina-tion with the random spatial orientation of the Ag-coated nanowires. 
• Both pure-Ni films showed an increment in the average grain size of about 300% after isothermal annealing at 500 °C, which for the composite was only 70%. This resulted from the strong pinning forces exerted by the Ag-SnO2 on the migrating grain boundaries of the Ni matrix. EBSD analysis revealed that the oriented nucleation mechanism (instead of oriented growth) governed the recrystallization of the films. 
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• Pure-Ni films underwent abnormal growth during isothermal annealing at 300 °C. This was not the case of Ni-Ag-SnO2, which exhibited a unimodal, lognormal grain size distri-bution.
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7 Electrical resistivity evaluation 
7.1 Introduction Electrical resistivity is a key property of metals and metallic materials for electrical and electronic applications. A low resistivity is not only important for improving the electrical efficiency of devices by minimising the dissipation of energy into heat, but also for avoiding material degradation which might lead to failure during operation. As a matter of fact, sig-nificant Joule heating could result in the deterioration of mechanical properties due to, for instance, recrystallization and grain growth [284]; crack formation and propagation under thermal cycling [285]; electromigration [286,287]; and local melting of material, which might produce the welding of mobile parts [288]. In the case of metal matrix composites, an effective resistive medium is formed by its con-stituents, namely the matrix and its reinforcing or secondary phases (and eventually poros-ity). Besides the intrinsic specific resistance of each phase, the effective electrical resistivity is influenced by the shape, arrangement, size and volume fraction of the filler components [289]. Moreover, these characteristics play an active role in defining the magnitude of re-sidual stresses and density of dislocations, which constitute energy barriers to the flow of electrons. For instance, a lower size of the reinforcement and a larger volume fraction result in higher stresses and dislocation density [290], as it is also the case of sharp corners with respect to flat surfaces [291]. The work described in this chapter dealt with the analysis of the electrical resistivity of the Ni-Ag-SnO2 composite films, with emphasis on the effect or contribution of the reinforcing phases. To that end, Ni, Ag, and Ni-SnO2-nanowires samples were also investigated, which provided valuable information for understanding the individual contributions of their coun-terparts in the composite. 
7.2 Experimental details Ni-Ag-SnO2 composite films were produced as described in 3.1, with the only exception be-ing that SiO2 wafers were used as substrate instead of steel sheets (for avoiding the flow of current through the substrate during the electrical resistivity measurements). 
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Ni, Ag and Ni-SnO2-nanowires samples were used for comparison and analysis purposes. The Ni and Ni-SnO2 films were also deposited onto SiO2 wafers. In both cases, Ni was elec-trodeposited using the same bath and experimental parameters as for the composite’s ma-trix. Au nanoparticles were sputtered onto the SiO2 substrate and the SnO2 nanowires, re-spectively, in order to make their surface conductive for the Ni electrodeposition. Ag thin films of about 150 nm thickness were deposited onto borosilicate glass wafers, following the procedure described in 3.1.2 for coating the nanowires. Electrical resistivity measurements were performed by means of the 4-point probe setup described in 3.2.9. 
7.3 Results and discussion The bulk electrical resistivity (ρ) of the samples was calculated using the voltage (V) meas-ured at each applied current (I) as 
𝜌𝜌 = (𝜋𝜋 𝑘𝑘𝑛𝑛 2⁄ )𝑓𝑓𝑓𝑓𝐹𝐹𝑔𝑔(𝑉𝑉 𝐼𝐼⁄ ),                (7.1) where tf denotes film thickness and Fg is a geometry factor. Each tf was evaluated from sev-eral FIB cross-sections performed at different regions from all over the samples. Fq varies with the sample shape and dimensions as well as with the position and spacing of the probes on the surface. It assumed values between 0.93 and 0.95, which were obtained according to the early work from Smits [292]. The resulting ρ given by Eq. 7.1 are displayed in Fig. 7.1. At very low I, the flowing electrons followed paths close to the surface, leading to an enhanced scattering. Consequently, high values of ρ were obtained. For larger I, the penetration depth increased, reducing gradually 
ρ due to a lesser impact of surface effects. Finally, ρ stabilised around a fixed value (repre-sentative of the full thickness of the films) which is used here for the discussion and is also indicated in Fig. 7.1. The Ni samples exhibited ρ of 76 nΩ·m, being 10% higher than that of annealed bulk Ni (68 nΩ·m at 20 °C [48]) and showing agreement with reports from other authors concerning electrodeposited Ni [293–295]. Taking this value as a reference, the Ni-SnO2 films showed an increase of 50% which resulted from different factors. One of them was the presence of the highly resistive SnO2 nanowires, whose ρ exceeds that of Ni by several orders of magni-tude [131,296]. In such cases where the reinforcement is much more insulating than the 
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matrix, the electrical conduction takes place exclusively through the latter, while the sec-ondary phase particles act as scattering sites.  
 
Fig. 7.1 Results of the 4-point probe experiments, where the indicated values are the char-
acteristic ρ of each type of sample. These were determined after the stabilisation of the 
measurements at maximum I. In the case of Ag, smaller I were required due to the much 
lower thickness of these films. 
The relatively high ρ of the Ni-SnO2 films was also attributed to the different defects present in the microstructure of the Ni matrix, which developed due to the introduction of the SnO2 nanowires. For instance, the widespread porosity consisting of small to middle-sized pores (relative to film thickness; see Fig. 7.2) should have played a significant role in the observed behaviour. Moreover, the increased density of dislocations and grain boundaries associated to the fine-grained structure (induced by Zener pinning [152]) further contributed to that. The Mayadas-Shatzkes model is commonly used for describing the influence of grain size on ρ. It regards grain boundaries as potential-energy barriers for incoming electrons [297,298]. Already at ultrafine grain sizes (> 100 nm), increased values of ρ have been re-ported for Ni [293,295,299]. However, the influence of grain boundaries would be largest at the lower end of the nanoscale, where grain diameters are about the same length as the electron’s mean free path (between 1 and 15 nm). In terms of average size, this was clearly not the case of the grains of Ni-SnO2 films. However, the regions with higher nanowire con-tent (e.g., at the vicinity of the substrate) were likely to present a much larger population of such nano-sized grains. 
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For the Ni-Ag-SnO2 composite, the calculated ρ was statistically equivalent to that of pure Ni, being 4% higher in terms of mean value. Therefore, a 31% reduction with respect to Ni-SnO2 films was observed. Here, the detrimental effects described for the Ni-SnO2 were coun-terbalanced by the introduction of the more conductive Ag phase (at the expense of Ni). Moreover, the impact of microstructural features (e.g., porosity and poor interfaces) should have been partly reduced, since the Ag coating of the nanowires provided a more suitable surface for the electrodeposition of Ni than the sputtered Au nanoparticles in the case of Ni-SnO2, resulting in a higher quality of the matrix.  
 
Fig. 7.2 SEM micrograph showing the cross-section of a Ni-SnO2 film. The effect of Ag on the reduction of the composite’s ρ was presumably lower than it could be expected. This was suggested by the relatively high ρ measured at Ag films of similar features and fabrication to those of nanowires’ coatings. At 55 nΩ·m,  it was over three times that of annealed bulk Ag (16 nΩ·m at 20 °C [48]). Responsible for this were the nanocrys-talline morphology of the Ag deposits and their low thickness, which enhanced the effect of electron scattering at interfaces. Such scattering also takes place within the composite, since Ag is always in contact with SnO2. Moreover, interface scattering is not exclusively produced by insulating neighbour phases but also by highly conductive metallic ones (such as the Ni of the matrix) [300]. On another note, it is well established that thin electroless Ag deposits experience a reduction in ρ upon mild annealing [301,302]. Therefore, it should be possible to improve the performance of the composite in this way. This should be performed before 
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the electrodeposition of the Ni matrix, in order to avoid its grain growth and the associated softening of the composite films. 
7.4 Conclusions The bulk electrical resistivity of Ni-Ag-SnO2 films was evaluated by means of the 4-point method. Ni, Ag and Ni-SnO2 samples were also studied in order to gain an understanding of the role played by the secondary phases. The findings of this analysis are outlined next. 
• The Ni-Ag-SnO2 composite exhibited ρ of 79 ± 1 nΩ·m, similar to that of pure Ni films (76 ± 3 nΩ·m) and 31% lower than that of Ni-SnO2 (114 ± 4 nΩ·m). 
• The highly resistive SnO2 nanowires and the microstructural defects induced by them in the matrix (i.e., porosity and higher density of grain boundaries and dislocations) de-graded the performance of the composite. This was compensated by the introduction of the Ag phase, whose ρ was estimated at 55 ± 6 nΩ·m. 
• The relatively high ρ of the electroless Ag coatings on top of the nanowires might be re-duced by mild annealing prior to the matrix deposition. This opens the possibility of an overall improvement in the composite. 
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8 Summary and outlook 
8.1 Summary This work dealt with the study of a novel composite film consisting of a Ni matrix reinforced with Ag-coated SnO2 nanowires, which was developed as a candidate material for electrical contact applications. As described in chapter 3, the fabrication method consisted of three main steps, starting with the synthesis of the SnO2 nanowires. This was carried out by CVD, using Sn(OtBu)4 as the single precursor, where the developing nanostructures followed the VLS growth mech-anism. This resulted in disordered arrays of high-aspect-ratio, single-crystalline nanowires, possessing about 100 nm diameter and several µm length. Next, these were coated with a Ag layer 100 to 200 nm thick (core/shell configuration) by means of the electroless tech-nique, using Ag nitrate and D-glucose as Ag-ion source and reducing agent, respectively. Fi-nally, the Ni matrix was galvanostatically deposited using a standard Ni sulfamate solution without enhancing additives. Films with thickness typically between 5 and 10 µm were suc-cessfully obtained through this process. At the beginning of chapter 4, the microstructure of the samples was characterised mainly by FIB-assisted SEM (involving also EBSD), STEM and TEM. This revealed a gradient mor-phology with decreasing Ag-SnO2 content towards the surface, where only the longest or straightest nanowires were able to extend. The (area-weighted) average grain size was found to be about 200 nm, which implied an 85% reduction with respect to Ni films pro-duced with the same experimental parameters as the matrix (Nicg). This was attributed to the grain boundary pinning by the secondary phases during the Ni deposition. The absence of crystallographic texture was another characteristic feature of the composite. Chapter 4 proceeded then with the study of the mechanical properties of the films, which was performed by nanoindentation. With a relatively high hardness of 4.5 GPa, the Ni-Ag-SnO2 was 66% harder than Nicg, which was attributed to the grain-boundary strengthening. However, a certain degree of softening (17%) was observed with respect to Ni samples pos-sessing similar grain size (Nifg), associated to the softer nature of the Ag phase and porosity. The relatively low Young’s modulus of Ni-Ag-SnO2 (136 GPa) resulted from a reduced den-sity (induced by the selected electrodeposition parameters) and from the influence of Ag (83 GPa). A straightforward method based on analytical and simulation results from other 
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authors was developed for characterising the stress-strain response of the materials from indentation data. Accordingly, the yield strength of the composite was calculated at 444 MPa, deviating from the Ni reference samples in a similar way as observed with the hard-ness. In all cases, the behaviour of the studied materials showed agreement with the Hall-Petch relationship. Chapter 5 dealt with the tribological behaviour of the films. Friction and wear were evalu-ated in dry-sliding conditions in ambient air, using a linearly reciprocating ball-on-flat setup. This configuration simulated the fretting type of wear experienced by the electrodes of electrical contact devices. Ploughing-type abrasive wear was responsible for the plastic deformation of the samples. It was accompanied by the formation of an oxide-containing tribolayer (oxidative wear), whose composition was load-dependent. The Ni-Ag-SnO2 dis-played enhanced wear resistance with respect to the reference Ni samples (Nicg), manifested by reductions in the wear volume (ranging between 50 and 80%). This was mostly at-tributed to the higher hardness of the composite. Moreover, numerical models were devel-oped which allowed analysing the tribosystem’s wear volume and rate. It was demonstrated that the observed ploughing wear can be accurately described by the geometry of the in-denter in combination with traditional concepts related to the mechanical properties of the samples (like the power law of work hardening and the mathematical definition of indenta-tion hardness). Regarding the dynamic friction coefficient, a reduction in its value was ob-served with increasing loads. This resulted from scale effects induced by strain gradients and the change in the involved microslip mechanism. Furthermore, the composite and the equally hard Ni samples (Nifg) experienced a reduced friction at low loads with respect to Nicg. This was attributed to their harder nature, which make them more resistant to adhe-sion and the formation of asperity junctions. Overall, the experimental evidence indicated that the effect of the Ag-SnO2 phase on the tribological response of the composite was given exclusively by the increase in hardness induced by grain refinement. In chapter 6, the thermal stability of the Ni-Ag-SnO2 films was evaluated by analysing the evolution of the grain size and texture during different annealing treatments. Unlike the Ni reference samples, the composite retained its original (random) crystallographic orienta-tion. This resulted from the minimisation of interface energy in combination with the ran-dom spatial orientation of the Ag-coated nanowires. Moreover, the average grain size in-creased 70% after 10 h annealing at 500 °C, which contrasted with the 300% observed for Ni films under the same conditions. The reason behind this was the strong pinning forces 
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exerted by the reinforcement on the migrating grain boundaries of the Ni matrix. In addi-tion, EBSD analysis revealed that the oriented nucleation mechanism governed the recrys-tallization of the films. At last, chapter 7 presented the study of the electrical resistivity of the composite, which was based on 4-point probe measurements. The bulk resistivity of Ni-Ag-SnO2 was found to be quite similar to that of Ni films (79 and 76 nΩ·m, respectively). The highly conductive Ag phase compensated the insulating nature of both the SnO2 nanowires and the microstruc-tural defects induced by them in the matrix (i.e., porosity and higher density of grain bound-aries and dislocations). 
8.2 Outlook The results of the present work provide a detailed picture of the features and possibilities of the investigated composite films. However, several relevant topics remain still to be ad-dressed, leaving the door open for further research. Some of these are listed next. 
• Experimenting with additives in the electrodeposition bath (such as grain refiners and levelling agents) could lead to a substantial enhancement of the quality of the matrix. This could in turn result in avoiding the need of a polishing step and an overall improve-ment in several related material properties. 
• Tailoring the composite’s properties through the modification of the SnO2 nanowires. For instance, as mentioned in chapter 2, doping with Sb can greatly increase the electrical conductivity of the nanostructures and even induce metallic-type conduction, which would result in an overall improvement for the composite. Moreover, the geometrical ordering of the nanowire arrays could be attempted. Straight, parallel wires/rods can be obtained by using dissolvable alumina membranes as templates during the CVD. Such configuration might induce a positive effect on both the electrical and elastoplastic prop-erties. 
• The Ni-Ag-SnO2 composite should be further investigated concerning its performance against operation-related degrading phenomena. One possibility would be conducting corrosion tests at different aggressive environments. Regarding electrical-contact de-vices, switching experiments and welding tests would provide valuable information about the real potential of the material for its target field of application. 
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• Other composite films with different phase combinations could be fabricated with the multistep procedure developed in this work. The SnO2, Ag and even Ni could be replaced in the search of specific sets of properties. For instance, an interesting possibility would be using Ag as metal matrix, resulting in Ag-SnO2 composite films. As stated in chapter 2, the bulk version of this material is widely applied in several electrical-contact devices. 
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